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Abstract

Microstructure evolution, phase composition, weight gain and layer growth kinetics of Nb–Ti alloys (10, 47, 63 and 90 at.% Ti)
annealed in high-purity nitrogen atmosphere (0.3, 3 and 30 bar) were studied in the temperature range 1300–16008C. After nitridation, the
formation of an external compact nitride layer as well as extensive internal nitride precipitation was observed. The overall nitridation
kinetics (weight gain) is invariably parabolic; a deviation from the initial rate law is observed at 1450 and 16008C for the longer reaction
times when the alloy core approaches nitrogen saturation and internal precipitation slows down. The parabolic rate constant is strongly
affected by the Nb content in the alloy. The phases detected in the reacted samples are isostructural with those of the Nb–Ti, Nb–N and
Ti–N systems. The surface nitride was d-(Ti,Nb)N in any case. The morphology of the internal nitridation zone corresponds to the growth
of large, oriented, nitride needles for the three alloys richer in titanium. The needles are composed of a-(Ti,Nb)(N) in the case of
Ti Nb alloy and of d-(Ti,Nb)N in the case of Ti Nb and Ti Nb . Such a microstructure is evidence for nucleation difficulty;90 10 12x 63 37 47 53

coarsening of the existing particles is favoured in comparison to the formation of new precipitates. Homogeneous nucleation is hindered
by the small chemical Gibbs free energy available and the elastic strain energy related to volume misfit. After initial reaction,
microstructure evolution is mainly determined by the fast inward diffusion of nitrogen and the slow Nb–Ti interdiffusion in the b-(Ti,Nb)
alloy. Internal nitridation of Ti Nb at 1450 and 16008C leads to the formation of fine and numerous precipitates of b-(Nb,Ti) N. In this10 90 2

case heterogeneous nucleation along grain boundaries and dislocation lines is the prevailing mechanism.  1999 Elsevier Science S.A.
All rights reserved.
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1. Introduction vices with complex shape can be realized by appropriate
shaping or machining of the original alloy and, if neces-

The Nb–Ti–N system has been the subject of several sary, by electron-beam welding of different components.
investigations mainly regarding the interesting supercon- Superconducting radio-frequency cavities with promising
ducting properties of the d-(Nb,Ti)N phase. Complete performances have been recently produced using this
solubility between d-NbN and d-TiN is reported and the procedure [4]. The presence of a residual alloy core gives
superconducting critical temperature (T ) presents a broad reasonable mechanical properties to the final nitridedc

maximum between 30 and 60 mol.% TiN [1–3]. The cavity.
maximum measured value is about 18 K [1] to be Although the binary systems, Nb–Ti [5], Ti–N [6,7] and
compared with the T of Ti–Nb alloys (9.5 K), the most Nb–N [8–10], have been extensively studied, little isc

widely used superconducting material. The higher T and a known about the ternary Nb–Ti–N [11]. When Nb–Tic

low radio-frequency surface resistance [4] make d- alloys are exposed to a nitrogen atmosphere, formation of a
(Nb,Ti)N an attractive material for potential applications in surface nitride layer as well as of internal nitride precipi-
superconducting devices and in particular in superconduct- tates occurs, as observed for other binary and more
ing resonators. A compact d-nitride thick film can be easily complex alloys [12,13]. Internal nitridation is related to the
obtained at the surface of Ti–Nb alloys by nitriding under large permeability of nitrogen in Nb–Ti alloys and to the
appropriate nitrogen pressures at high temperature. De- higher thermodynamic stability of TiN in comparison to

niobium nitrides. The nitriding behaviour of Ti–Nb alloys
*Corresponding author. E-mail: buscaglia@icfam.ge.cnr.it in nitrogen was studied by Felten [14] and more recently
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by Buscaglia et al. [4,15] and by Mayr et al. [16]. After 8008C. Wedge-type samples were reacted at 1300–16008C
nitridation formation of a surface nitride layer and of in a cold-wall autoclave equipped with a tungsten heating
Ti-rich needle-like precipitates at the interior of the alloy tube under 3 and 30 bar high-purity nitrogen atmosphere.
were observed. Homogeneous, fully nitrided plane-sheet In this case the samples were cooled down to room
samples were used for measurements of lattice parameters, temperature within a minute. Both plane-sheet and wedge-
microhardness and superconducting T of d-(Nb,Ti)N [16]. type specimens were embedded in cold-setting epoxyc

The properties showed a strong dependency upon the resin, cut and polished using 3 mm diamond paste for 2–4
Nb/Ti ratio as well as on the N content. h. A final polishing stage with an aqueous silica colloidal

The present work was carried out to investigate micro- suspension (Struers Mastermet) for 10–15 min was per-
structure evolution, phase composition and nitridation formed for optimal phase identification. Microstructure
kinetics of Ti–Nb alloys of different composition exposed was observed by scanning electron microscopy (SEM,
to a nitrogen atmosphere at high temperatures with a Philips 515) and polarized light microscopy (OM, Reich-
twofold purpose: to get insight into the mechanism of ert). Phase identification was carried out on plane-sheet
high-temperature nitridation of transition metal alloys and samples by X-ray diffraction in Bragg–Brentano geometry
to obtain useful information for the fabrication technology (Philips PW1710, CoK , secondary monochromator). Dif-a

of d-(Nb,Ti)N superconducting devices. fraction patterns were taken, for some samples, as a
function of depth by stepwise removal of layers on SiC
emery paper. Niobium and titanium composition profiles in

2. Experimental nitrided samples were measured by energy-dispersive
spectroscopy (EDS, EDAX PV9900). The plane-sheet

Four different Nb–Ti alloys (10, 47, 63 and 90 at.% Ti) samples were also investigated for the overall nitridation
were selected as starting materials. The alloy with 63 at.% kinetics (weight gain) and the nitride layer growth kinetics
Ti is commercially available (Teledyne Wah Chang, (layer thickness). Wedge-type samples were mainly investi-
Albany, USA, Ta 800 ppm, O 600 ppm, Hf,250 ppm, gated for the measurement of nitrogen, niobium and
Zr,150 ppm, N, C, Si, W, Sn,60 ppm) and usually used titanium atomic fraction in the different phases by wave-
for the production of superconducting cables. The other length-dispersive electron-probe microanalysis (EPMA,
compositions were obtained by melting in a plasma Cameca SX50). The EPMA setup for the system Nb–Ti–N
furnace under helium (ITM-CNR, Lecco, Italy) and cold is given in Ref. [16]. Nitridation under high pressure (30
rolling. Square samples (131 cm) were cut from plane bar) leads to the formation of thicker nitride layers which
sheets ¯0.1 cm thick and etched in a (1:1:2) mixture of are more suitable for EPMA than layers formed at 3 and
HNO , HF and H PO to remove several micrometres of 0.3 bar.3 3 4

alloy from the surface, possibly polluted by the machining.
A few ‘wedge-type’ samples (tip angle ¯208) were cut
from ingots obtained by arc melting of powder mixtures 3. Results
(Ti: Nisso, Japan, 99.7 wt.%; Nb: Goodfellow, UK, 99.85
wt.%) and homogenised at 13008C for 6 h under 0.1 bar 3.1. Microstructure and phase composition
argon. As the thickness is variable in such specimens,
near-tip regions of wedge-type samples will present high The surface of the reacted samples was coloured by
nitrogen saturation than far-tip regions after reaction. different shades of gold yellow depending on the original
Microstructure and composition evolution as a function of composition: from dark yellow (90 at.% Ti), to yellow (63
nitrogen saturation can then be studied on a single sample and 47 at.% Ti) and pale yellow (10 at.% Ti). The gold
rather than on a series of plane specimens with different yellow colour is typical of the d-(Ti,Nb)N nitride. XRD
thicknesses [17]. Plane sheet samples were nitrided at showed only the presence of phases isostructural with
1300, 1450 and 16008C for times ranging from 0.5 to 16 h those of Nb–Ti, Nb–N and Ti–N binary systems; no
under 0.3 bar high-purity nitrogen (Carbogas, total im- individual ternary compounds were detected. Phases iso-
purities ¯1 ppm). A high-vacuum furnace (Varian) structural with g-Nb N or h-NbN were not observed. A4 3

equipped with tungsten heating elements and radiation layer of d-(Nb,Ti)N (fcc structure) was present at the
shields was used. Before reaction, the samples were surface of all the reacted samples. The thickness of the

25annealed for 30 min at 12008C under high vacuum (¯10 surface nitride layer strongly depends, at constant tempera-
Pa mbar); the temperature was then increased to the ture, on the Ti /Nb ratio in the original alloy and the
experimental set-up and nitrogen was introduced. Nitrida- nitrogen pressure as shown in Table 1. The thickness
tion can be then considered to occur in a large-grained, decreases as pressure decreases and has a minimum for the
well recrystallized material. The total amount of impurities composition Ti Nb . The phase band sequence and the63 37

present in the reaction atmosphere was estimated by mass- general microstructure of the reacted samples are in most
spectroscopy to be ¯10 ppm. The cooling of the samples cases independent of both temperature and reaction time
was quite slow; several minutes were required to reach for a given alloy composition. A similar microstructure
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Table 1
Average thickness of the d-(Ti,Nb)N surface layer measured on Nb–Ti
alloys reacted at 16008C for 8 h (sample thickness50.1 cm)

Alloy composition p530 bar p53 bar p50.3 bar
(at.%) [mm] [mm] [mm]

Ti Nb 147 139 10390 10

Ti Nb 60 49 4–563 37

Ti Nb 63 47 8–1047 53

Ti Nb 156 112 4610 90
aNb 186 144 56

a16708C, 0.15 bar.

and the same phase composition were observed on plane
and wedge-type samples for comparable nitrogen satura-
tion levels. However, microstructure evolution is very
different depending on the original composition.

3.1.1. Ti Nb90 10

A cross section of a Ti Nb plane sample reacted for 490 10

h at 16008C is shown in Fig. 1a. The thick external scale
corresponds to d-(Ti,Nb)N; the large needles and islands
(dark grey) present at the centre of the sample are
composed of a-(Ti,Nb)(N) solid solution (hexagonal struc-
ture). The white phase corresponds to the residual alloy
matrix b-(Ti,Nb). Microstructure evolution vs. time clearly
indicates that internal nitridation mostly occurs by growth
and enlargement of the existing precipitates rather than by
formation of new inclusions. The a-phase precipitates
close to the external layer are progressively converted to
d-(Ti,Nb)N as the reaction time increases. The difference
in the grey level (¯250 mm below the surface) indicates
the a–d transition in Fig. 1a. The microstructure observed
at 14508C is similar to that at 16008C, whereas at 13008C a
clear distinction between the external layer and the internal Fig. 1. Microstructure (SEM-BS images) of Ti Nb nitrided under 0.390 10

nitridation zone no longer exists, as shown in Fig. 1b. The bar nitrogen. (a) 4 h at 16008C; (b) 2 h at 13008C. External layer:
d-(Ti,Nb)N and ´-Ti N; needlelike precipitates: ´-Ti N and a-Ti(N);innermost part of the external layer and the precipitates of 2 2

matrix: residual b-(Ti,Nb) alloy.d-(Ti,Nb)N undergo a transformation to ´-Ti N (tetragonal2

structure) because of the low cooling rate. The transforma-
tion can be suppressed by more rapid cooling as in the case residual b-phase is ¯50 at.%. Niobium is isostructural
of cold-wall autoclave. The phase ´-Ti N can be easily with b-Ti (bcc structure) and concentrates in the b-(Nb,Ti)2

identified by polarized light microscopy because of its high phase. Since the enrichment is higher near the surface than
optical anisotropy [17], as shown in Fig. 2. The N, Nb and in the core, a metal concentration gradient sets up. On the
Ti composition profiles measured on a Ti Nb wedge- contrary, even in near-tip regions of the wedge-type90 10

type sample annealed for 50 h at 14508C are shown in Fig. sample, the Nb fraction in the d-(Ti,Nb)N phase is
3. The profiles were obtained by a line scan performed on comparable to the values of Fig. 3 (¯3 at.%). These results
a far-tip region (thickness 2750 mm) and correspond to a were also confirmed by EDS analyses. Terminal nitrogen
microstructure similar to that reported in Fig. 1a. Examina- solubility in b-(Ti,Nb) is much lower than in a-(Ti,Nb)
tion of Fig. 3 reveals Nb enrichment in the b-(Ti,Nb) according to the data reported for pure metals: ¯2 at.% in
phase (up to 25–27 at.% when b phase is in contact with Nb [18] and ¯25 at.% in a-Ti [7] at 14508C.
d-(Ti,Nb)N, up to 20–22 at.% when b phase is in contact
with a-(Ti,Nb)(N)). In turn, the a-(Ti,Nb)(N) and d- 3.1.2. Ti Nb and Ti Nb63 37 47 53

(Ti,Nb)N phases are depleted in Nb in comparison to the The microstructure of alloys containing 63 and 47 at.%
original alloy composition. Composition profiles measured Ti is characterized by the presence of elongated, needle-
on a near-tip region (thickness 1100 mm) of the wedge- like, precipitates of d-(Ti,Nb)N, as shown in Fig. 4 and
type sample show that the precipitates are completely Fig. 5. Where the growth of the precipitates is not
converted in d-(Ti,Nb)N and the niobium fraction in the disturbed by the grain boundaries of the alloy, the develop-
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typical composition of the needles observed on a wedge-
type sample nitrided for 50 h at 14508C (sample thickness
3000 mm) change from 31.7 at.% N, 3.7 at.% Nb and 64.6
at.% Ti at the centre to 47.8 at.% N, 3.1 at.% Nb and 49.1
at.% Ti near the surface. As a consequence of preferential
TiN segregation, the residual b alloy is progressively
depleted in Ti and enriched in Nb moving from the centre
(50.9 at.% Nb, 49.1 at.% Ti) to the near-surface region
(97.0 at.% Nb, 3.0 at.% Ti). In the case of Ti Nb , the47 53

behaviour is very similar: the composition of the precipi-
tates (sample thickness 3000 mm) changes from 38.6 at.%
N, 3.3 at.% Nb and 58.1 at.% Ti (centre) to 47.7 at.% N,
4.5 at.% Nb and 47.8 at.% Ti (near surface) and the alloy is
gradually enriched in Nb (75.6 at.% at the centre, 95.8
at.% near the surface). The Nb profile as measured by
energy dispersive microprobe analysis along single d-

Fig. 2. Microstructure (OM, polarized light) of Ti Nb nitrided at90 10 (Ti,Nb)N needles and the average composition of the14508C for 8 h. External layer (light grey): d-(Ti,Nb)N; underlaying layer
surrounding alloy on Ti Nb plane samples are reported(light and dark crystallites): ´-Ti N; needlelike precipitates (dark grey): 63 372

a-Ti(N); matrix (light grey): residual b-(Ti,Nb) alloy. in Fig. 6. The Nb content in the needles is almost constant
(¯5 at.%) in agreement with the WDS results. The
external d-(Ti,Nb)N nitride layer is very thin and can bement of ordered patterns resulting from the growth of long,
only observed at high magnification on samples reacted atparallel, d-(Ti,Nb) needles inside the alloy matrix can be
16008C for the longer times (Fig. 4c and Fig. 5c). Theobserved. The precipitates develop strong orientation rela-
composition obtained by EDS analysis of the external layertionships with the bcc b-(Ti,Nb) alloy matrix, as evident
of samples reacted for 8 h at 16008C is 45–55 at.% Nb forfrom microstructure. Different grain orientations in the
Ti Nb and 49 at.% Nb for Ti Nb (N excluded). Aalloy are ‘imaged’ by different orientations of the needles. 63 37 47 53

rough estimate of the average composition of the surfaceMoving from the tip of the needles towards the sample
layer from the cell parameter of d-(Ti,Nb)N as determinedsurface the spacing between the needles is approximately
by XRD gives ¯55 mol.% NbN for Ti Nb and ¯50constant at the beginning and then gradually decreases 63 37

mol.% NbN for Ti Nb . Below the surface layer a thinwith formation of shorter needles between the longer ones. 47 53

and irregular layer of b-Nb N containing small d-(Ti,Nb)NNear the surface the needles become much thinner and 2

needles was also detected (Fig. 4c and Fig. 5c). Com-closely spaced. Internal nitridation thus mainly occurs by
position profiles collected on the near-tip region of thethe progressive lengthening and thickening of the existing
wedge-type sample (thickness 750 mm) show that theprecipitates. When the needles coming from opposite sides
composition of the d-(Ti,Nb)N needles is almost constant:meet at the centre of the sample, they stop to grow.
46 at.% N, 51 at.% Ti and 3 at.% Nb. The residual metallicHowever, internal nitride formation still continues by
phase is composed of 98 at.% Nb and 2 at.% Ti.coarsening of the needles. In the case of Ti Nb , the63 37

3.1.3. Ti Nb10 90

The alloy containing 90 at.% Nb presents, as well as
observed for the other compositions, both internal and
external nitridation (Fig. 7a). The external scale is formed
by an outer d-(Nb,Ti)N layer and an inner b-(Nb,Ti) N2

layer. The precipitate particles inside the alloy are com-
posed of b-(Nb,Ti) N. Both intra- and intergranular pre-2

cipitation can be observed. The precipitates morphology in
the intragranular precipitation zone at 1450 and 16008C
corresponds to both small needles and approximately
spherical fine particles (Fig. 7b). Sometimes thin bands
parallel to the specimen surface originated by intercon-
nected particles are observed. As a difference from Ti-
richer alloys, internal nitridation mainly occurs by forma-

Fig. 3. Nitrogen, niobium and titanium profiles (EPMA) in a Nb–Ti–N tion of new b-(Nb,Ti) N particles in the internal precipi-2wedge-type diffusion couple (Ti Nb , T514508C, p530 bar N ,90 10 2 tation zone and along grain boundaries. Formation ofsample thickness: 2750 mm). (1) N; (n) Nb; (h) Ti. Region (1):
ordered lamellar structures, similar to those encountered ind-(Ti,Nb)N; region (2): d-(Ti,Nb)N1b-(Ti,Nb); region (3): a-

(Ti,Nb)(N)1b-(Ti,Nb). discontinuous precipitation and in eutectic decomposition
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Fig. 4. Microstructure (SEM-BS images) of Ti Nb nitrided under 0.3 bar nitrogen. (a) 2 h at 16008C; (b) 0.5 h at 16008C. Needlelike precipitates (dark63 37

grey): d-(Ti,Nb)N; matrix (white): residual b-(Ti,Nb) alloy. (c) 8 h at 16008C. From left to right: external layer of d-(Ti,Nb)N, intermediate layer of
b-(Nb,Ti) N with small d-(Ti,Nb)N needles and inner zone with d-(Ti,Nb)N needles in a Nb-rich b-(Ti,Nb) phase.2

were instead observed at 13008C (Fig. 7c) and, locally, at 3.2. Kinetics
14508C. The N, Nb and Ti composition profiles measured
on a Ti Nb wedge-type sample annealed 50 h at 14508C The weight gain kinetics of the different alloys is shown10 90

are shown in Fig. 8 (sample thickness: 600 mm). A in Fig. 9a–c, plotted according to the parabolic rate
substantial amount of Ti is present in both nitride layers, equation
but the composition oscillates from 3 to 10 at.% Ti and this

]
W 5 2k t (1)could be related to the progressive incorporation of pre- pœ

cipitates during growth. The scattered points in the central
22portion of the profiles correspond to the presence of the where W is the weight gain per unit area (g cm )

precipitates inside the residual b alloy. EPMA measure- measured after a time t and k is the parabolic ratep

ments in this region were difficult to perform since the constant. The measured weight gain corresponds to the
nitride precipitates are of a size (#5 mm) comparable or sum of three different contributions: external scaling,
lower than the lateral resolution of the technique. EDS internal nitridation and nitrogen dissolution in the alloy. At
analyses performed on the b-(Nb,Ti) N largest particles 13008C, the data are well described by straight lines2

present in a sample annealed 16 h at 14508C give up to 15 crossing the origin, meaning that the above equation holds
at.% Ti (N excluded). As difference from the Ti-richer and, as a consequence, the nitridation is controlled by
alloys, the composition of the different phases measured solid-state diffusion. At higher temperature, 1450 and
on the wedge-type sample does not show a significant 16008C, the parabolic behaviour is observed only for short
dependence on the thickness. reaction times (up to ¯2–4 h at 14508C and up to ¯1–2 h
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Fig. 5. Microstructure (SEM-BS images) of Ti Nb nitrided under 0.3 bar nitrogen. (a) 2 h at 16008C; (b) 0.5 h at 16008C. Needlelike precipitates (dark47 53

grey): d-(Ti,Nb)N; matrix (white): residual b-(Ti,Nb) alloy. (c) 8 h at 16008C. From left to right: external layer of d-(Ti,Nb)N, intermediate layer of
b-(Nb,Ti) N with small d-(Ti,Nb)N needles and inner zone with d-(Ti,Nb)N needles in a Nb-rich b-(Ti,Nb) phase.2

at 16008C). At longer times the rates decline to lower rate law is observed at 1450 and 16008C for both com-
values, corresponding to the approach to saturation of the positions. In the case of Ti Nb the layer growth rate10 90

alloy core with nitrogen and the slowing down of internal increases in comparison with the initial kinetics whereas
precipitation. This behaviour is typical of metals and alloys for Ti Nb it decreases. The relative importance of the90 10

having non-negligible nitrogen solubility coupled with external nitridation process was estimated by comparing
rapid nitrogen inward diffusion, as many of the transition the total nitrogen uptake with the nitrogen contained in the
metals. Alloy Ti Nb shows a steep decrease of the external nitride layer(s). In order to simplify the calcula-90 10

nitridation rate after the initial parabolic stage, which is not tion, the nitrogen concentration profile inside the layers
observed for the other compositions. The values of k was assumed to be linear and the concentration at thep

corresponding to the initial parabolic stage are reported in interfaces was obtained from EPMA measurements. For
Table 2. The standard error is in any case ,5%. The the alloys with intermediate composition, the thickness of
parabolic constant is strongly dependent on the original the external layer(s) is in any case very thin and contri-
alloy composition and decreases as the niobium content butes no more than ¯10% to the overall nitrogen uptake.
increases. For the alloys Ti Nb and Ti Nb measure- The results for the other compositions are shown in Table90 10 10 90

ment of the thickness of the external nitride layers was 3: the amount of nitrogen contained in the external nitride
possible and the layer growth kinetics is reported in Fig. 10 layer(s) is generally less than 50%. Considering the
and Fig. 11. The effect of nitrogen saturation is well reported nitrogen terminal solubility in Nb [18] and b-Ti
evident; a remarkable deviation from the initial parabolic [7], nitrogen dissolution inside the alloy cannot account for
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1
]2Nb(s,bcc) 1 N (g) → Nb N(s,hex.) (3)2 22

1
]Nb N(s,hex.) 1 N (g) → 2NbN(s,fcc) (4)2 22

The equilibrium nitrogen partial pressures corresponding
to the above reactions can be calculated using the available
thermochemical data [19]. For example, at 14508C, the

211equilibrium pressures are: p 51.9310 atm; p 55.932 3
27 2310 atm; p 51.3310 atm.4

Since p ,p ,p , TiN is thermodynamically more2 3 4

stable than the other nitrides present in the Nb–Ti–N
system and, for a broad composition range extending from
pure Ti towards Nb-rich alloys, a Ti-rich d-(Nb,Ti)N phase
will be the nitride in equilibrium with the metallic phase.
However, as the difference in thermodynamic stability
between TiN and Nb N is not so large, for alloys2

moderately rich in Nb ($75 at.%), b-Nb N was observed2

to be the nitride in equilibrium with the alloy [16]. In such
a case, where p .p , a layer of Nb-rich d-(Nb,Ti)N will4 3

grow on top of the b-(Nb,Ti) N phase under the present2

experimental conditions. Since formation of g-Nb N and4 3

h-NbN during cooling down, as observed in the Nb–N
system, no longer occurs, it can be concluded that the
presence of TiN stabilizes the d-(Ti,Nb)N phase in12x

Fig. 6. Niobium profiles (EDS) in Ti Nb nitrided under 0.3 bar comparison to pure d-NbN . It is well known that TiN63 37 12x
nitrogen. (a) 2 h at 14508C; (b) 1 h at 16008C. (m) d-(Ti,Nb)N needles; has an almost constant composition close to the stoichio-
(d) b-(Ti,Nb) matrix.

metric one for the nitrogen pressures utilized in this work
(0.3 to 30 bar) in the range 1300–16008C [17]. On the

more than ¯10–15 wt.% of the total nitrogen uptake. As a contrary, the composition of d-NbN is strongly depen-12x

consequence, the internal nitride precipitation represents dent on the applied pressure [8–10]. The growth rate of the
the main process occurring during nitridation of Ti–Nb external nitride layer is mainly determined by the differ-
alloys, except for Ti Nb at 16008C. The contribution of ence between the mass fluxes that arrive at the inner90 10

external scaling is approximately constant (at constant interface and the mass fluxes which leave the inner
temperature) throughout the initial parabolic stage and the interface. The surface composition, as well as the layer
average value is reported in Table 3. About the non- thickness of the d-(Ti,Nb)N phase are therefore ex-12x

parabolic stage, only the data corresponding to the longest pected to be increasingly sensitive to the external nitrogen
reaction times are indicated. The contribution of external pressure moving from TiN to NbN . The thickness data12x

nitridation to the total nitrogen uptake increases in the reported in Table 1 show, in agreement, a strong depen-
non-parabolic stage and this is strictly related to the dence on nitrogen pressure even though the observed
progressive saturation and the slowing down of internal behaviour is not monotonic. A quantitative treatment of the
nitridation. diffusion fluxes is therefore required to explain the depen-

dence of the d-(Ti, Nb)N layer thickness on alloy com-
position.

Interstitial atoms like oxygen and nitrogen stabilize the
4. Discussion a-Ti phase above the value of 8838C reported for the a–b

phase transformation in high-purity titanium [7]. There-
4.1. Phase formation in the Nb–Ti–N system fore, when a titanium-rich alloy is exposed either to a

nitrogen- or oxygen-containing atmosphere, formation of
The nature and the sequence of the reaction products the a-Ti phase occurs by inward nitrogen or oxygen

resulting from nitridation of Nb–Ti alloys can be quali- diffusion through the b phase. As we are dealing with
tatively understood on the basis of the following reactions: reaction diffusion in a ternary system, development of

non-planar interfaces between the different phases is1
] possible. In particular, for Ti Nb , the a-(Ti,Nb)(N)Ti(s,bcc) 1 N (g) → TiN(s,fcc) (2) 90 1022
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Fig. 7. Microstructure (SEM-BS images) of Ti Nb annealed under 0.3 bar nitrogen. (a) Cross section of a sample nitrided 16 h at 14508C; external layer:10 90

d-(Nb,Ti)N; underlaying layer: b-(Nb,Ti) N; precipitates in the internal nitridation zone: b-(Nb,Ti) N. (b) Magnification of the internal nitridation zone.2 2

(c) Cross section of a sample nitrided 12 h at 13008C showing pearlite-like precipitation.

phase does not generate a continuous layer as observed for
the nitridation of pure titanium, but grows in the form of
large needles inside the b-(Ti,Nb) phase. Similar micro-
structures were reported in very different situations: HIP-
and laser-nitriding of commercial Ti alloys like Ti-3.4Al-
8.1V-5.9Cr-4.3Mo and Ti-6Al-4V [20,21], nitridation of
Ti–Zr alloys [22], nitridation of Ti–V alloys [23], oxida-
tion and oxy-nitridation of Ti–Ta alloys (5, 40 and 60
wt.% Ta) [24,25]. The resulting microstructure corre-
sponds, in any case, to the formation of coarse a-Ti
needles which develop strong orientation relationships with
the b-Ti phase. The driving force which promotes micro-
structural evolution during phase transformation is the
variation of the Gibbs’ free energy between the metastable
b phase and the a1b assembly. The magnitude of the

Fig. 8. Nitrogen, niobium and titanium profiles (EPMA) in a Nb–Ti–N driving force is roughly proportional to the level of
wedge-type diffusion couple (Ti Nb , T514508C, p530 bar N ,10 90 2 supersaturation of the a-stabilizer (nitrogen or oxygen) insample thickness: 600 mm). (1) N; (n) Nb; (h) Ti. Region (1):

the b phase. As the same a /b two-phase microstructure isd-(Nb,Ti)N; region (2): b-(Nb,Ti) N; region (3): b-(Nb,Ti) matrix1b-2

(Nb,Ti) N precipitates. observed in rather different environments, probably one or2
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Fig. 10. Layer thickness (j: d-(Ti,Nb)N) and weight gain (m) vs. time of
Ti Nb nitrided under 0.3 bar nitrogen. (a) 14508C; (b) 16008C.90 10

more common factors control the nucleation and growth of
the precipitates.

4.2. On the nucleation of the internal nitride precipitates

The considerable size of the precipitates observed in the
three Ti-richer alloys indicates that both homogeneous
nucleation and nucleation on dislocation lines is difficult;
heterogeneous nucleation at grain boundaries and on
impurity sites as well as enlargement of the existing
precipitates are the most favoured processes. A quantita-

Fig. 9. Weight gain kinetics under 0.3 bar nitrogen. (j) Ti Nb , (m)90 10 tive treatment of the nucleation problem is proposed in thisTi Nb , (.) Ti Nb , (d) Ti Nb . (a) 13008C; (b) 14508C; (c)63 37 47 53 10 90
section to support the microstructural observations.16008C.

Nucleation and growth of a solid inclusion in a solid
matrix involves an elastic strain energy, DG , related tostrain

the change of molar volume. The elastic strain energy
reduces the effective driving force of the reaction, DG .chem

The term DG corresponds to the Gibbs’ free energychem

change per unit volume. The total free energy change for
Table 2 nucleation is, for a nucleus of generic shape, volume V and2 24 21Values of the parabolic rate constant (g cm s ) corresponding to the surface area A,
initial nitridation stage ( p50.3 bar) of Nb–Ti alloys

DG 5 (DG 1 DG )V 1 sA (5)chem strainT (8C) Ti Nb Ti Nb Ti Nb Ti Nb90 10 63 37 47 53 10 90

29 29 210 2101300 4.2310 1.0310 6.1310 3.2310 where s is the interfacial energy of the matrix /precipitate
29 29 29 291450 8.7310 5.0310 2.9310 1.2310 interface. Obviously, random homogeneous nucleation will
28 28 28 291600 2.2310 1.9310 1.1310 4.4310 only occur if (DG 1DG ),0. For a sphericalchem strain
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precipitate particle, the classical nucleation theory gives
for the Gibbs’ free energy barrier DG* corresponding to
the formation of a critical nucleus and the radius R* of the
critical nucleus (see, for example, Ref. [26])

316 s
] ]]]]]]DG* 5 p (6)23 (DG 1 DG )chem strain

2s
]]]]]]]R* 5 (7)
2 (DG 1 DG )chem strain

If the elastic strain energy becomes comparable with the
absolute value of the Gibb’s free energy of reaction, both
the free energy barrier and the radius of the critical nucleus
will rise and the nucleation rate will strongly decrease.
When DG* is large enough, homogeneous nucleation will
be hindered and, therefore, heterogeneous nucleation as
well as the growth of the supercritical particles will be the
most favoured processes.

In principle, provided that the elastic constants of the
precipitate and the matrix are known, it is possible to
calculate the elastic strain energy related to nucleation. The
detailed calculation of the strain energy is presented in
Appendix A and the results, corresponding to different
interface types (coherent, incoherent) and different shapes
of the inclusion (sphere, needle) are shown in Table 5.
Because of the large uncertainty on the elastic constants
available in the literature, the reported values represent
only a rough estimate of the elastic strain energy. The
precipitation of four different phases in the b-(Ti,Nb)
matrix was considered: a-Ti, non-stoichiometric d-TiN
corresponding to the composition TiN , stoichiometric0.5

d-TiN and b-Nb N. The computed DG values should2 strain

be considered as an upper limit. For precipitation of
a-Ti(N) and d-TiN the volume misfit between precipitate
and matrix is of the order of a few percent and could be
accommodated largely elastically. On the contrary, in view
of the large volume misfit corresponding to b-Nb N2

precipitation and the high temperatures, full elastic accom-
modation is unlikely and partial stress relaxation via plastic
deformation of the matrix is expected. As a consequence,
the effective values of DG will be lower than thatstrainFig. 11. Layer thickness (j: d-(Nb,Ti)N; d: b-(Nb,Ti) N) and weight2
predicted by the elastic theory and reported in Table 5. Angain (m) vs. time of Ti Nb nitrided under 0.3 bar nitrogen. (a) 13008C;10 90

underestimate of DG is in any case zero.(b) 14508C; (c) 16008C. strain

Table 3
Contribution (wt.%) of the external nitride layer(s) to the overall nitrogen uptake ( p50.3 bar)

T (8C) Ti Nb Ti Nb90 10 10 90

Parabolic stage Non-parabolic stage Parabolic stage Non-parabolic stage
a1300 Not observable – 18 –

1450 26 43 21 35
1600 58 54 24 38

Parabolic stage: mean values over different reaction times. Non-parabolic stage: values corresponding to the longest reaction time (16 h at 14508C and 8 h
at 16008C).
aIn this condition there was not a clear distinction betweeen the external nitride layer and the internal precipitation zone.
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The calculation of the term DG requires the knowl- DG 50, assuming s in the range 0.1 (coherent inter-chem strain
22edge of the thermodynamic functions of the Nb–Ti–N face) to 1 (incoherent interface) J m , Eq. (6) gives a free

system. The only existing ternary phase diagram [11] is not energy barrier much greater than 74 kT, the quoted critical
reliable to estimate the Gibbs’ free energy function be- value which corresponds to the lower limit of 1 nucleus

3cause it does not report the a-(Ti,Nb)(N) and the b- per cm per s to the observable nucleation rate [26]. To
(Nb,Ti) N phases. The term DG was therefore calcu- lower DG* to 74 kT, supersaturation should be greater2 chem

22lated for two limiting situations corresponding to the than 50% when s50.1 J m . In these conditions
binary systems: precipitation of a-Ti(N) in supersaturated homogeneous random nucleation will be anyway very
b-Ti(N) and precipitation of b-Nb N in supersaturated difficult or even impossible. As a consequence formation2

Nb(N). The calculation details are presented in Appendix of the a-phase will only occur at a limited number of sites
B. The conditions adopted should correspond to those through a heterogeneous nucleation mechanism.
existing in the alloy below a surface nitride layer. Even Homogeneous nucleation of b-Nb N from Nb(N) is2

though the effect of the third element is neglected, the apparently inhibited, as the elastic strain energy (200–400
23calculated values should give the correct order of mag- MJ m ) is much larger than the absolute value of the

23nitude of the chemical driving force at least for precipi- chemical Gibbs free energy change (234.5 MJ m at
tation in Ti-rich and in Nb-rich alloys. The nitrogen 14508C for 10% supersaturation). To lower the energy
supersaturation level in the matrix plays a critical role, as barrier to the critical value of 74 kT (T514508C) for
the Gibbs’ free energy change DG is roughly propor- viable nucleation the term (DG 1DG ) in Eq. (6)chem chem strain

23 22tional to this parameter. A supersaturation of 10% is should be 297.5 MJ m when s50.1 J m or 23084
23 22usually assumed in the treatment of nucleation problems. MJ m when s51 J m . In the limiting situation

However, nucleation of b-(Nb,Ti) N at the internal pre- DG 50, thus homogeneous nucleation of b-Nb N2 strain 2

cipitation front in Ti Nb might involve much higher becomes possible at a supersaturation of ¯30% for a10 90

supersaturation values. A strong increase of nitrogen coherent matrix /precipitate interface. This implies that a
solubility has been reported to occur during internal considerable fraction of the volume misfit has to be
nitridation of Fe–Cr, Fe–Ti and Fe–Al alloys [27–29]. accommodated by plastic deformation. Plastic deformation
This ‘excess’ nitrogen has been ascribed to a dilation of of b(Ti,Nb) alloy should be quite easy in view of the high
the matrix related to the elastic accommodation of misfit temperature and the large value of the elastic strain energy.
between small coherent nitride particles and the matrix. In As an alternative mechanism, precipitation of b-Nb N2

addition, ‘excess’ nitrogen can be associated with disloca- could occur through the formation of a hypothetical
tions generated during precipitation of incoherent particles. metastable phase. However, TEM investigations on nitrid-
As a consequence, two further supersaturation levels were ing of niobium in gaseous ammonia at 600–7008C [30]
considered: 20 and 50%. The chemical Gibbs’ free energy have shown that the small particles which appear at the
available for the precipitation reaction is reported in Table beginning of precipitation are already composed of b-
6 for the nucleation of a-Ti(N) in b-Ti(N) and in Table 7 Nb N.2

for the nucleation of b-Nb N in Nb(N). Inspection of the In addition to grain boundaries, dislocations can act as2

calculated strain energy values (Table 5) and of the Gibbs preferred sites for the formation of nuclei. If nucleation
chemical free energy (Tables 6 and 7) leads to different occurs on a dislocation line, in Eq. (5) there is an extra
considerations. negative Gibbs energy contribution arising from the release

The order of magnitude of the elastic strain energy does of dislocation energy
not depend remarkably on the type of matrix / inclusion
interface (coherent or incoherent) as well as on the particle DG 5 (DG 1 DG )V 1 sA 2 , DG (8)chem strain disl

morphology (spheres or needles).
The chemical Gibbs free energy change is in any case where DG and , are the dislocation line energy and thedisl

small; at 14508C, considering 10% supersaturation, is length of the dislocation where energy has been released,
21 23

2242 J mol (222.2 MJ m ) for the b-Ti→a-Ti respectively. The theory of nucleation on dislocation lines
21 23transformation and 2830 J mol (234.5 MJ m ) for the was first given by Cahn (see, for example, Ref. [26]), who

formation of b-Nb N from Nb(N). For sake of com- considered the formation of a nucleus with circular cross2

parison, the free energy change of the g→a phase section of radius r perpendicular to the dislocation line.
21transition in iron at 13928C is 239 600 J mol [19]. For low driving forces there is a minimum in the free

Formation of b-Nb N involves values of DG (per unit energy DG for r5r , followed by a maximum at a larger2 chem 0

volume) which are 1.5–2 times more negative than those value of r. The difference in DG between the maximum
for formation of a-Ti(N). and the minimum corresponds to the thermal barrier for

For the b-Ti(N)→a-Ti(N) transformation the chemical nucleation on dislocations. For high driving forces, there
23Gibbs free energy change (220 to 240 MJ m ) is of the are not turning points in DG and the energy of the nucleus

same order of magnitude (absolute value) of the elastic decreases continuously as r increases (spontaneous nuclea-
23strain energy (¯20 MJ m ). Even in the limiting situation tion). Thus there is a critical driving force at which the
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maximum and the minimum merge together in an inflec- equilibrium with the alloy is no longer a-(Ti,Nb)(N), but
becomes d-(Ti,Nb)N (see Fig. 3). The transformation startstion point and the thermal barrier disappears. Following
immediately beneath the external nitride layer andCahn’s approach [26], it is possible to calculate that, in the
proceeds toward the interior of the sample, because thepresent case, a substantial reduction of the free energy
nitrogen activity must increase above the value corre-barrier can be achieved by nucleation on dislocations, if
sponding to the a-(Ti,Nb)(N) /b-(Ti,Nb) /d-(Ti,Nb)N threethe elastic strain energy is largely relaxed, so that the term
phase equilibrium. For alloy Ti Nb , the precipitates are(DG 1DG ) is close to DG . Because of the 10 90chem strain chem

much smaller and do not develop strong orientationlarger driving force (see Tables 6 and 7), the lowering of
relationships with the matrix. In such a case, nucleationthe free energy barrier will be more pronounced for
mainly occurs on grain boundaries and along dislocationnucleation of b-Nb N. For example, taking T514508C2

22 lines and is less affected by the misfit strain energy. Theand s50.2 J m , the nucleation rate of b-Nb N becomes2
23 21 much finer grain structure of Ti Nb alloy in comparisonappreciable (1 cm s ) at 20% supersaturation. The 10 90

to the other compositions can enhance intergranular pre-number of b-Nb N precipitate particles per unit area at2
11 22 cipitation because nitrogen diffusion along grain1450 and 16008C is of the order of 10 m , comparable

boundaries thereby become the predominant transportwith the dislocation density in well annealed pure metals
10 12 22 mechanism at the beginning of the nitridation process. In(10 –10 m ). On the contrary, precipitation of a-

addition preferential segregation of one metal species canTi(N) on dislocations become possible only at ¯50%
22 further affect grain boundary nucleation.supersaturation (s50.2 J m ). The number of a-Ti(N)

A general and important result is that the higher the Nbinclusions per unit area in Ti Nb is, in agreement,90 10

content the smaller the needles and the precipitates. This isorders of magnitude lower that the expected dislocation
in agreement with the observations reported in a previousdensity. Impurities are likely to play an important role in
work [16] regarding the nitridation of seven alloys ofthe b→a transformation by affecting the initial nucleation
different composition; the size of the needles (both thick-of the a-Ti(N) phase. After the initial nucleation stage,
ness and length) monotonously decreases as the Nb contentformation of new a phase will mainly occur by coarsening
increases while their number density increases. This indi-of the existing precipitates. The same conclusions probably
cates that the nucleation frequency changes over orders ofhold also for precipitation of non-stoichiometric d-TiN, as
magnitude depending on alloy composition.the observed morphology is similar.

Inward diffusion of nitrogen through the precipitation
zone occurs predominantly through the b-(Ti,Nb) phase4.3. Microstructure evolution and diffusion
because of the higher diffusivity. For instance, at 14508C,

2 21 28nitrogen diffusivity (cm s ) is 1–3310 in niobiumPrecipitate morphologies are in most cases independent
26 28[31,32], 2–5310 in b-Ti [33–36], 1–5310 in a-Tiof temperature, in particular for the intermediate alloy

29 210[33–36], 1–3310 in d-TiN [33,36], ¯2310 in b-compositions. As previously discussed, formation of ni-
210Nb N [31,32] and ¯7310 in d-NbN [31,32]. How-tride particles requires high supersaturation values. The 2

ever, in samples Ti Nb and Ti Nb , where formationmorphology of the precipitates will be established during 63 37 47 53

of a large number of elongated d-(Ti,Nb)N needles takesthe first nitridation stage (parabolic stage) before appreci-
place, the alloy /nitride interfaces might represent a prefer-able saturation of the sample core occurs. In these con-
ential diffusion path for nitrogen (short-circuit diffusion).ditions the inward nitrogen flux is large and high super-

Niobium–titanium interdiffusion plays an important rolesaturation levels can be achieved. In any case heteroge-
in the internal precipitation process of the three Ti-richerneous nucleation (impurities, grain boundaries, disloca-
alloys. Preferential titanium segregation in the nitridetions) is favoured in comparison to homogeneous nuclea-
precipitates lead to titanium depletion in the b phase. Thetion. For alloys Ti Nb and Ti Nb , the precipitates are63 37 47 53

alloy will be progressively enriched in niobium movingmuch smaller and numerous immediately beneath the
from the centre to the surface, where the precipitates weresample surface (see Fig. 4c and Fig. 5c) in comparison to
formed at an early moment. This leads to the set up of athe sample core (Fig. 4a and Fig. 5a). These particles were
metal concentration gradient because of the relatively slowpresumably formed at the very early stage of reaction,
Nb–Ti interdiffusion in the b phase. At 14508C thewhen the inward nitrogen flux is maximum. At longer

2 21 28interdiffusion coefficient (cm s ) is 1.0310 fortimes the nitrogen flux decreases and the enlargement of
29 210Ti Nb , 1.7310 for Ti Nb , 1.9310 forexisting particles becomes the most favoured process. 80 20 60 40

211Ti Nb and 2.5310 for Ti Nb [37]. Thus metalWhen the sample core approaches saturation, the nitrogen 40 60 20 80

interdiffusion rapidly decreases as the Nb content in-flux is further reduced and a decrease of the internal
creases. These values can be compared with nitrogennitridation rate occurs. In the case of Ti Nb alloy, the90 10

2 21diffusivity (cm s ) in niobium and b-Ti at 14508C:gradual conversion of the a-(Ti,Nb)(N) precipitates into
28 26 2 21

d-(Ti,Nb)N phase after the initial nitridation stage is 1–3310 [31,32] and 2–5310 [33–36] cm s ,
observed. In fact, when the Nb concentration in the phase respectively. Nitrogen diffusion is 2–3 orders of mag-
reaches a critical concentration (¯20 at.%), the phase in nitude faster than metal interdiffusion. As a consequence,



V. Buscaglia et al. / Journal of Alloys and Compounds 283 (1999) 241 –259 253

because the growth rate of the precipitates is determined an increase of the growth rate of the nitride layers when
by the rate at which the precipitate-forming elements arrive the core of the sample approaches saturation in comparison
at the precipitation site, long-range metal interdiffusion is to the thicknesses expected on the basis of the initial
likely to become rate-determining after the initial stage of parabolic behaviour. This is actually observed for Ti Nb10 90

reaction. In addition, formation of an external nitride layer (Fig. 11), but not for Ti Nb , where growth rate of the90 10

where the Ti /Nb ratio is greater than that in the starting external TiN layer decreases after the initial parabolic
alloy can contribute to titanium depletion. stage (Fig. 10). In the latter case a sudden slowing down of

Precipitate morphologies corresponding to the formation the weight gain kinetics is also observed (Fig. 9b–c, Fig.
of ordered lamellar structures (Ti Nb nitrided at 10). Different factors can contribute to the observed10 90

13008C, Fig. 7c) or colonies of needle-like particles behaviour: (i) owing to the bulky nature of the a-Ti(N)
(Ti Nb and Ti Nb , Fig. 4 and Fig. 5) highlight the needles, after the volume of the precipitates has reached a63 37 47 53

importance of lateral diffusion at the internal precipitation critical value, progressive impingement of the precipitates
front. In such a case, the spacing of the lamellae or the occurs. Therefore, the inward nitrogen flux through the
needles reflects the distance over which Nb–Ti lateral b-(Ti,Nb) phase will be strongly reduced and in addition,
interdiffusion occurs in the alloy. The application of the diffusion must occur along a tortuous path. (ii) A large
theory of discontinuous precipitation to nitridation of fraction of the inward nitrogen flux is consumed by the
Ti Nb [38] and coarse-grained Ti Nb [15] at 13008C, transformation of the a-Ti(N) precipitates in d-(Ti,Nb)N.10 90 63 37

where the formation of ordered patterns is more evident, (iii) When the residual b-(Ti,Nb) phase is sufficiently
provide a satisfactory description of the growth mechanism enriched in Nb, the growth of the external d-TiN layer may
of the precipitates. In both cases, the calculation gives a be controlled by the slower Nb–Ti interdiffusion rather
diffusivity value which is comparable with the order of than by nitrogen diffusion. It is not possible to decide what
magnitude of the metal interdiffusion coefficient in the b is the dominant factor on the basis of the currently
phase. available data.

4.4. Nitridation kinetics 4.4.2. Internal nitridation
In view of the large relative importance of internal

4.4.1. Overall kinetics precipitation (see Table 3), it can be inferred that the
The reaction kinetics was parabolic at 13008C and, for measured weight gain parabolic constants (Table 2) largely

the shorter reaction times, also at 1450 and 16008C. At correspond to the internal nitridation reaction. The ex-
longer times, the weight-gain kinetics declines to lower perimental results show that internal precipitation occurs
values (Fig. 9) as the sample core approaches saturation by inward diffusion of nitrogen and involves long-range
and internal precipitation slows down (see Table 3). The metal interdiffusion in the b-(Ti,Nb) phase (except for
effect of temperature on the time at which deviation from Ti Nb ). The theory of internal precipitation during gas–10 90

the initial parabolic kinetics occurs is substantial. As alloy reactions was developed initially by Wagner for
nitrogen diffusivity in transition metals increases rapidly internal oxidation [41] and later extended by many authors
with temperature, core saturation is approached earlier in to other kinds of reactions, like nitridation, carburization
samples reacted at high temperature in spite of a larger and sulphidation. An extensive review on the subject was
nitrogen solubility. The effect of the finite thickness of the published by Rapp [42]. The theory holds for precipitating
specimen on multiphase diffusion was first reported by compounds with high thermodynamic stability (low solu-
Pawel [39] for the oxidation of zirconium alloys and, more bility product). An analytical expression of the depth of the
recently, the problem of layer growth kinetics in finite precipitation zone as a function of the square root of time
gas–solid binary diffusion couples was analytically solved can be obtained assuming that the activity of both the
by Rafaja et al. [40]. At short time the concentration of penetrating and the precipitating elements drop to zero at
nitrogen at the centre of the sample is virtually zero, the the reaction front. Therefore precipitation occurs only at
diffusion of nitrogen in the system can be treated as a the reaction front and the amount of precipitate is constant
multiphase diffusion problem in a semi-infinite geometry. throughout the whole internal precipitation zone. On the
The solution corresponds to the parabolic rate law defined contrary, when the precipitating compound has only a
by Eq. (1), where k is time-independent. At longer times, ‘moderate’ stability (high solubility product), precipitationp

owing to the restricted geometry of the sample, the metal occurs continuously through the internal reaction zone, as
core approaches saturation, k in Eq. (1) is no longer theoretically discussed by Laflamme and Morral [43].p

time-independent, and a deviation from the initial Deviations from Wagner’s classical treatment were re-
parabolic kinetics is observed. The model is strictly correct ported for many systems, as recently reviewed by Doug-
for a binary or pseudo-binary system; in the present case lass [44]. Christ et al. [45] have simulated the internal
deviations are expected owing to the presence of extensive precipitation of a compound of moderate stability (solu-

24internal precipitation, development of non-planar interfaces bility product: 5310 , molar fraction basis) using a
and metal interdiffusion. In particular, the model predicts finite-differences technique to solve the diffusion equa-
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tions. Their results are similar to the conclusions of
Laflamme and Morral [43]. In particular the mole fraction
of the precipitating element does not go to zero in the
internal precipitation zone but decreases from the reaction
front to the surface and the volume fraction of precipitate
varies across the zone. More recently, a detailed analysis
of internal precipitation of TiN in Ni–Ti alloys has been
presented by Savva et al. [46]. The model correctly
predicts the observed Ti concentration profile throughout
the internal precipitation zone and allows for the calcula-
tion of the distribution of the precipitate particles. Since
the terminal solubility of nitrogen in b-(Nb,Ti) is in the
range 2–4 at.% at 14508C and the transition from precipi-

Fig. 12. Arrhenius plot of the parabolic rate constants corresponding totation of TiN to precipitation of b-Nb N occurs for alloys2 the weight gain kinetics measured under 0.3 bar nitrogen. (j) Ti Nb ,90 10
2containing $75 at.% Nb, the solubility product (molar (m) Ti Nb , (.) Ti Nb , (d) Ti Nb . Parabolic constants in g63 37 47 53 10 90

24 21fraction basis) of TiN and b-Nb N in Nb–Ti alloys can be cm s . The error bars are smaller than the size of the symbols.2
23estimated to be of the order of 10 . This value can be

compared with the solubility product for precipitation of tion energies. However, the comparison between the
28 29TiN in diluted Ni–Ti alloys: ¯10 –10 (molar fraction diffusion activation energies and the apparent activation

basis) at 10208C [46]. The lower solubility product in energies obtained from the overall nitridation kinetics is
comparison to TiN precipitation in Nb–Ti, is mainly the complicated by the dependence of the equilibrium nitrogen
consequence of the low solubility of nitrogen in Ni, which concentration at the interfaces upon temperature, in par-
is of the order of a few ppm. Internal precipitation in the ticular for the a-Ti(N)–b-(Ti)(N) and the Nb(N)–b-Nb N2
Nb–Ti–N system as observed in the present work differs equilibria. Nevertheless, the Arrhenius plot is a useful
significantly from the classical ‘Wagnerian behaviour’ but method to compare different data sets. All the alloys react
shows many features comparable to those of the previous faster than niobium and only Ti Nb reacts slower than10 90
examples: (i) the precipitating compounds possess high titanium. The apparent activation energies are lower than
solubility product; (ii) the thermodynamic stability of the those corresponding to the pure metals and depend on the
nitrides d-TiN and b-Nb N is not very different; (iii) the alloy composition. The activation energy of Ti Nb and2 63 37
activity of the precipitating element does not go to zero at Ti Nb is practically the same, meaning that the nitrida-47 53
the reaction front as demonstrated by the EPMA com- tion mechanism is very similar as can be inferred from the
position profiles; (iv) enlargement of the precipitates close microstructural evolution. The decrease of the activa-
continues behind the reaction front; (v) contrary to Wag- tion energy in comparison with the pure metals is directly
ner’s assumption, the morphology of the precipitate par- connected to the remarkable contribution of the internal
ticles is often non-spherical. Therefore, the quantitative precipitation process to the overall kinetics. In particular,
treatment of the internal precipitation process in the Nb– for alloys Ti Nb and Ti Nb , where the external scale63 37 47 53
Ti–N system requires an accurate modelling of the ternary is very thin, the apparent activation energy should more
diffusion problem of the type presented in Refs. [43,46], closely reflect the activation energy of the diffusion
which is beyond the aim of this work. In any case, a process which controls internal precipitation. Moreover,
comparison between the prediction of a model and the the data lie exceptionally well on straight lines, supporting
experimental data is not trivial because of the dearth of the hypothesis of a single dominating mechanism. The

21thermodynamic (solubility product, concentrations at the observed values (237–241 kJ mol ) compare well with
precipitation front) and diffusion data (nitrogen diffusivity
in Nb–Ti alloys) for the Nb–Ti–N system.

Table 4
Apparent activation energies for the overall nitridation kinetics (weight4.4.3. The parabolic nitridation stage
gain) of Nb–Ti alloys ( p50.3 bar)

The Arrhenius plot of the parabolic constants reported in
Alloy QTable 2 (overall nitridation kinetics) is shown in Fig. 12. 21(kJ mol )

The corresponding apparent activation energies are re-
aTi 276ported in Table 4. The activation energies for nitridation of

Ti Nb 13461690 10the pure elements [31,47] are included for comparison. It is
Ti Nb 2416263 37worth noting that the apparent activation energies do not Ti Nb 2376247 53

have, in general, a precise physical meaning, as the total Ti Nb 21461010 90
bNb 274nitrogen uptake reflects the sum of different processes.

aOnly when one term becomes predominant, the apparent 1230–15008C, p(N )51 atm, [47].2
bactivation energy can be compared with diffusion activa- 1400–19008C, p(N )50.15 atm, [31].2
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21the activation energy for N diffusion in Nb (235 kJ mol the available chemical Gibbs free energy for nucleation of
[32]) as well as with the activation energy for Nb–Ti a-Ti(N) in b-Ti(N) and of b-Nb N in Nb(N) was carried2

21interdiffusion (209 kJ mol for Ti Nb and 239 kJ out. The chemical Gibbs free energy change is in any case60 40
21 21mol for Ti Nb [37]). In the case of Ti Nb , the small (¯2200 J mol for precipitation of a-Ti(N) and40 60 90 10

21absence of a continuous a-Ti(N) layer as observed for ¯2800 J mol for precipitation of b-Nb N at 10%2

nitridation of pure titanium can be partly responsible of the supersaturation) and could be further lowered by the
21observed low activation energy (134 kJ mol ). The contribution of the elastic misfit strain energy. Even in the

available literature [31–36] indicates a higher activation limiting case of nil strain energy, homogeneous nucleation
energy for nitrogen diffusion in a-Ti(N) (190–250 kJ will be very slow or even impossible as it requires very

21mol ) in comparison to that in b-Ti(N) (140–200 kJ high supersaturation values (.50% for a-Ti(N) and
21mol ). In addition, the activation energy for Nb–Ti .30% for b-Nb N) to lower the free energy barrier for2

interdiffusion is reported to strongly decrease as the Ti nucleation to the critical value of 74 kT. Therefore, initial
21concentration increases (264 kJ mol for Ti Nb and formation of nitride precipitates in the ternary system will20 80

21184 kJ mol for Ti Nb [37]). In the case of Ti Nb , be strongly affected by the small chemical driving force80 20 10 90

it was possible to calculate the apparent activation energies available and by the presence of residual elastic stresses
corresponding to the layer growth kinetics (Fig. 11a–c). related to the volume misfit. After initial nucleation, once

21The resulting values (300 kJ mol for d-(Nb,Ti)N and the nitrogen flux has decreased, the growth of existing
21260 kJ mol for b-(Nb,Ti) N) are comparable with those precipitate particles become the most favoured process in2

corresponding to nitridation of pure niobium (305 kJ the three Ti-richer alloys at all temperatures. Microstruc-
21 21mol for d-NbN and 239 kJ mol for b-Nb N [31]). ture evolution is mainly determined by the fast inward2

This is further evidence of the influence of internal diffusion of nitrogen and the slow Nb–Ti interdiffusion in
nitridation on the overall kinetics. It is therefore concluded the b-(Ti,Nb) alloy. In these conditions, strong orientation
that the major factor determining the dependence of the relationships between precipitates and matrix are evident.
overall parabolic nitridation rate on alloy composition is In the case of b-Nb N precipitation at 1450 and 16008C,2

either the rapid decrease of nitrogen permeability moving heterogeneous nucleation along grain boundaries and
29 21 21from pure b-Ti (C D 57–18310 mol cm s at dislocation lines is the prevailing mechanism. ImportantN N

211 21 2114508C) to pure Nb (C D 52–5310 mol cm s at factors in determining the different behaviour are the finerN N

14508C) or the strong reduction of the Nb–Ti interdiffu- alloy grain size and the higher chemical driving force
sion coefficient as the Nb concentration increases or, even available. At 13008C, a lamellar morphology is adopted,
a combination of the two effects. again reflecting a nucleation difficulty.

The observed weight gain corresponds to the sum of
three different terms: dissolution of nitrogen in the alloy,

5. Conclusions internal precipitation and formation of external nitride
layers. Internal nitridation is the predominant term, except

Nitridation of Nb–Ti alloys (10, 47, 63 and 90 at.% Ti) for Ti Nb at 16008C. The weight gain kinetics was90 10

was studied in the temperature range 1300–16008C under invariably parabolic; a deviation from the initial rate law
high-purity nitrogen atmosphere (0.3, 3 and 30 bar) for was observed at 1450 and 16008C for the longer reaction
times ranging from 0.5 to 50 h. The experimental results times when the sample core approaches nitrogen saturation
lead to the following conclusions. and internal nitridation slows down. The nitridation rate

Formation of an external nitride layer as well as depends on the niobium content, because of the very strong
extensive internal nitride precipitation was observed. The effect of this element on nitrogen and metal diffusion. The
phases present in the nitrided samples are isostructural apparent activation energy corresponding to the parabolic
with those of the Nb–Ti, Nb–N and Ti–N systems. The rate constants as obtained from the weight gain kinetics is

21surface nitride was d-(Ti,Nb)N in any case. Internal in any case lower (134 to 241 kJ mol ) than that
nitridation gives rise to different precipitate morphologies: corresponding to nitridation of pure niobium and titanium

21large oriented needles for the three Ti-richer alloys, (274 to 276 kJ mol ). The decrease of the observed
pearlite-type lamellar structures for Ti Nb at 13008C, activation energies reflects the importance of the internal10 90

small needles and approximately spherical fine particles precipitation process.
(¯1 mm) in the case of Ti Nb at 1450 and 16008C. The10 90

composition of the precipitate particles changes from a-
(Ti,Nb)(N) for Ti Nb , to d-(Ti,Nb)N for Ti Nb90 10 12x 63 37

and Ti Nb and to b-(Nb,Ti) N for Ti Nb . The size Acknowledgements47 53 2 10 90

and the spacing of the needles decreases as the Nb content
increases. In any case, the precipitates are enriched in Ti in This investigation was partly supported by the Austria–
comparison to the original alloy composition. Italy Bilateral Scientific and Technological Cooperation
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Giacomo for the machining of the alloy samples and to Mr. unstrained state, the Young’s modulus and the Poisson’s
Carlo Bottino for SEM investigation. ratio of the matrix and the inclusion, respectively. Both the

inclusion and the matrix are considered isotropic solids.
For a generic ellipsoidal inclusion with semiaxes a and b,
the strain energy is given by Eq. (A1) multiplied by aAppendix A
function F(a /b). This function takes well defined values
for some limiting shapes; in particular F53/4 for an
incompressible cylinder.Calculation of the elastic strain energy DGstrain

The elastic strain energy of a coherent precipitate of
arbitrary shape is given, per unit volume of precipitate, byMicrostructural observation shows only large supercriti-
[26]cal particles, which can have a different shape in com-

parison to the critical nuclei. The calculation of the elastic Ecoh 2strain energy was then carried out for some limiting cases. ]]DG 5 ´ (A3)strain 1 2 n
The general behaviour of strain energy (coherent precipi-
tate) predicted by isotropic elastic theory [48] is that if a where the elastic constants of the precipitate and the matrix
precipitate is elastically harder than the matrix, the shape have been taken equal. For an infinite coherent needle, the
with minimum strain energy is a sphere. However, when strain energy is [49]
the aspect ratio of a needle is not very high, the corre-

2(1 1 n ) Esponding strain energy is only slightly greater than that of B Bcoh 2]]]]]]]] ]DG 5 1 ´ (A4)straina sphere. The same conclusions hold also for anisotropic 21 1 n (1 1 n )(1 2 2n )A B B3]] ]]]]] 41elasticity, provided that the difference between the elastic E EA B
constants of the matrix and the precipitate is large.

In all cases, the elastic strain energy is proportional toTherefore, the following discussion is restricted to spheri-
the square of the mean linear misfit between the matrix andcal and needle-like shapes as the b-(Ti,Nb) alloy is in any
the inclusion and rapidly increases as ´ increases. Thecase softer than the nitride phases and, in addition,
elastic strain energy for the formation of a-Ti(N), d-analytical expressions of the strain energy are available.
TiN , d-TiN and b-Nb N in b-(Ti,Nb) were calculatedThe elastic strain energy of an incoherent spherical 0.5 2

according to Eqs. (A1)–(A4) and the elastic constantsprecipitate B in a matrix A is given, per unit volume of
available in the literature [37,50–52]; the results are shownprecipitate by [26]
in Table 5.

3 /2incoh 2 The molar volume of the different phases in the uncon-]]]]]DG 5 ´ (A1)strain 1 1 y 1 2 2yA B strained state were obtained from the relevant lattice]] ]]]12E E parameters [53] and the experimental density of the Nb–TiA B

alloys. The volume misfit of the b→a transformation waswhere ´ is the mean linear expansion of the inclusion,
calculated for a composition corresponding to 10 at.% N in

0 1 / 3V the a phase, the average nitrogen equilibrium concen-B
]´ 5 2 1 (A2)S D0 tration between 1300 and 16008C, using the lattice con-V A

stants reported in [47]. The values of Table 5 should be
0 0 considered just as an order-of-magnitude estimate of theV and V , E and E , y and y , the molar volume in theA B A B A B

Table 5
23 21Elastic strain energy (MJ m ) for formation of a-Ti(N), TiN , TiN and b-Nb N in a b-(Ti,Nb) alloy matrix. Values in brackets are in J mol0.5 2

incoh incoh coh cohInclusion Relative Linear DG DG DG DGstrain strain strain strain

volume misfit sphere incompressible any shape needle
variation ´ needle
(%)

a-Ti(N) 3.1 0.01 18 19 7–30 17
(200) (210) (80–340) (180)

TiN 4.0 0.013 33 34 26–62 430.5

(370) (380) (290–700) (490)
TiN 5.8 0.019 78 68 95–230 130

(900) (780) (1100–2600) (1500)
b-Nb N 11.1 0.036 230 200 200–700 3902

(5500) (4800) (5000–17 000) (9300)
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elastic energy. There are different sources of uncertainty fraction of nitrogen in the second sublattice. The site
which affect the calculated strain energies. The tempera- fraction is related to the nitrogen mole fraction, x , byN

0 F 0 Fture dependence of the elastic constants of pure Ti and Ti y 5x /c(12x ). G and G are the Gibbs freeN N N M:N M:Va

alloys was measured only for temperatures up to ¯5008C energy of states where all the interstitial sites are filled
[37]. Regarding TiN, the available elastic data refer to with nitrogen atoms or vacancies, respectively, i.e. TiN3

E Froom temperature [51]. As a consequence, the elastic and a-Ti in the above example. G is the excess freem

energy was computed using the values of the elastic energy, which was computed according to the regular
constants at room temperature for all phases. The effect of solution model
solid solution nitrogen on the elastic constants of a-Ti and

E F 0 FG 5 y y L (B2)m N Va M:Va,Nb-(Ti,Nb) alloys is unknown even though an increase of
the Young’s modulus is expected; the temperature effect

0 Fwhere L is an interaction parameter not dependentM:Va,Nand the nitrogen effect should partially compensate. The
on temperature.elastic data of hexagonal b-Nb N are not known and were2

The thermodynamic properties of the Ti–N and thethen approximated with those of cubic NbN [52] consider-
0 FNb–N systems required to calculate the terms G ,M:Ning b-Nb N as an elastically isotropic solid. Effects related2 0 F E FG and G were taken from Refs. [57,58]. TheM:Va mto thermal expansion were neglected in any case. The

calculation of the Gibbs free energy change for phasemean thermal expansion coefficients of the a-Ti, b-
transformation was carried out in two steps.(Ti,Nb), TiN and d-NbN phases between 25 and 10008C

26are close to each other and lie in the range 9–10310
21 1. At a given temperature the Gibbs free energy of the twoK [37,50,52,54]. For the coherent interface case of Eq.

phases was computed as a function of the nitrogen mol(A3) (particle of any shape, elastic constants of the matrix
fraction x according to Eq. (B1) and Eq. (B2). TheNand the precipitate taken equal), two limiting values can be
equilibrium composition of the two phases is obtainedobtained according to the elastic constants used in the
using the common tangent method. This fact is illus-calculation: those of the matrix or those of the inclusion.
trated in Fig. 13, for the equilibrium between b-Ti(N)
and a-Ti(N). The equilibrium compositions were de-

eq eqnoted with x and x , respectively.b a

Appendix B 2. For a given supersaturation level (50% in Fig. 13)
corresponding to the composition x , the tangent to theb

b free energy curve defines the free energy change
Calculation of the chemical Gibbs’ free energy 2PQ available for the initial nucleation of a phase with

eqDG composition x .chem a

According to Hillert and Staffansson [55], Othani and The results are reported in Table 6 for three different
Hillert [56] and Jonsson [57], the phases a-Ti(N) (hexa- supersaturation levels: 10, 20 and 50%. The same pro-
gonal), b-Ti(N) (bcc), Nb(N) (bcc) and b-Nb N (hexagon-2 cedure was adopted for the Nb(N)→b-Nb N transforma-2
al) were described with an interstitial sublattice model. The tion and the results are reported in Table 7.
formula unit of each phase can be written as (M) (Va,1

N) ; the metal atoms M occupy the first sublattice whereasc

vacancies and nitrogen atoms occupy the second sublattice.
The subscript c denotes the number of interstitial sites per
metal atom and is fixed by the crystallographic constraints:
c51/2 for the hexagonal structure, c53 for bcc and c51
for fcc. For example, in the case of the hexagonal structure
of titanium, when the second sublattice is fully occupied
by vacancies the result is pure a-Ti, whereas when all the
interstitial sites are filled by nitrogen, the result is the
hypothetical TiN compound. The expression of the Gibbs3

free energy given by the two sublattices model is, for one
mole of formula unit,

F 0 F 0 FG 5 y G 1 y G 1 cRT( y lny 1 y lny )m N M:N Va M:Va N N Va Va

Fig. 13. Gibbs free energy curves of b-Ti(N) and a-Ti(N) solid solutionsE F
1 G (B1) and driving force (segment PQ) corresponding to the precipitation of a-Tim

eqwith composition x from a supersaturated b-Ti(N) solid solution witha

composition x .where F denotes the phase and y 5(12y ) is the site bN Va
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Table 6
23 21 eqChemical Gibbs free energy change (MJ m ) for nucleation of a-Ti(N) in b-Ti(N). Values in brackets are in J mol . x is the equilibrium atomicb

eqfraction of N in b-Ti and x is the equilibrium atomic fraction of N in a-Tia

eq eqTemperature x x DG DG DGb a

(8C) 10% supersat. 20% supersat. 50% supersat.

1300 0.0265 0.0916 215.8 230.4 268.2
(2172) (2332) (2745)

1450 0.0374 0.1086 222.2 242.7 295.1
(2242) (2466) (21039)

1600 0.0485 0.1232 228.9 255.4 2121.9
(2316) (2605) (21331)

Table 7
23 21 eqChemical Gibbs free energy change (MJ m ) for nucleation of b-Nb N in Nb(N). Values in brackets are in J mol . x is the equilibrium atomic fraction2 b

eqof N in Nb and x is the equilibrium atomic fraction of N in b-Nb Nb 2Nb N 22

eq eqTemperature x x DG DG DGb b 2Nb N2

(8C) 10% supersat. 20% supersat. 50% supersat.

1300 0.0139 0.3060 232.8 262.4 2138.9
(2788) (21502) (23341)

1450 0.0225 0.3025 234.5 266.6 2149.4
(2830) (21603) (23594)

1600 0.0340 0.2996 237.6 271.9 2160.1
(2905) (21731) (23852)
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