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Abstract

The oxygen exchange reaction (OER) is an essential process on oxide sur-
faces and highly important for a variety of applications, most prominently for
solid oxide fuel cells (SOFCs - e.g. via La0.6Sr0.4CoO3−δ (LSC)) but also for
the tuning of properties of functional oxides such as SrTiO3 (STO) for sen-
sors and capacitors. As these materials can accommodate a certain amount of
oxygen nonstoichiometry, oxygen exchange kinetics are tightly related to the
materials defect chemistry. This thesis presents novel tools and approaches to
obtain further knowledge about the oxygen exchange kinetics and the defect
chemistry of various mixed ionic and electronic conducting oxides.

In-situ impedance spectroscopy during pulsed laser deposition (i-PLD) was
established as a novel experimental method to investigate the electrochemical
properties of oxide thin films in their pristine state. Thereby, it was possible
to probe the true catalytic properties of LSC and of various other promising
SOFC cathode materials and to study yet undescribed degradation phenom-
ena. Apart from extremely fast oxygen exchange kinetics observed during
i-PLD, a combination with defect chemical model calculations enabled, for
the first time, a mechanistic analysis of the OER on pristine SOFC cathode
surfaces. A mechanism for this fundamental reaction on the surface of mixed
conductors was proposed which explains the experimentally observed oxygen
partial pressure and temperature dependencies of the oxygen exchange ki-
netics for a variety of different materials, indicating that the OER obeys a
common mechanism for structurally and chemically different materials.

The experimental applicability of the i-PLD technique was further pushed
to investigate the effect of UV illumination by the PLD plasma plume on the
oxygen exchange and the stoichiometry of STO. It was possible to isolate the
effect of impinging species from the plasma plume and to purely examine the
effect of UV illumination on the conductivity of an STO single crystal. The
results confirm that the oxygen incorporation on the STO surface is enhanced
by UV irradiation and that the stoichiometry of near-surface regions in the
single crystal changes substantially compared to equilibrium conditions, with
an even stronger effect if actual material is deposited.

To gain further insight into the complicated defect chemistry of STO, a
novel method was employed to determine previously hardly accessible defect
concentrations in undoped STO. By means of a transmission line equivalent
circuit, the chemical capacitance of undoped STO single crystals was evaluated
from impedance spectroscopic measurements. Defect chemical modelling was
used to estimate a valence dependent background acceptor concentration while
correctly predicting electronic and ionic conductivity as well as the chemical
capacitance. In combination with positron annihilation lifetime spectroscopy,
it was possible to quantify the intrinsic acceptor defects in the investigated
STO single crystals with 6 ppm of titanium vacancies.
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Kurzfassung

Die Sauerstoffaustauschreaktion an der Oberfläche von Oxiden ist äußerst
wichtig für eine Vielzahl von Anwendungen, vor allem für Festoxidbrennstoff-
zellen (z.B. La0.6Sr0.4CoO3−δ (LSC)), aber auch in Bezug auf die Eigenschaf-
ten von Funktionswerkstoffen für Sensoren und Kondensatoren wie SrTiO3

(STO). Da all diese Materialien eine gewisse Sauerstoff-
nichtstöchiometrie aufweisen können, ist die Sauerstoffaustauschkinetik eng
mit der Defektchemie der Materialien verbunden. In dieser Arbeit werden
neuartige Werkzeuge und Ansätze vorgestellt, mit denen die Sauerstoffaus-
tauschkinetik und die Defektchemie von verschiedenen gemischt ionisch und
elektronisch leitenden Materialien erforscht werden kann.

In-Situ Impedanzspektroskopie während gepulster Laserdeposition (i-PLD)
wurde als neuartige experimentelle Methode etabliert, mit der elektrochemi-
sche Eigenschaften von Oxiddünnschichten in ihrem ursprünglichen Zustand
beobachtet werden können. Dadurch war es einerseits möglich, die echten ka-
talytischen Eigenschaften von LSC und mehreren anderen vielversprechen-
den Kathodenmaterialien für Festoxidbrennstoffzellen zu messen, anderer-
seits konnten bisher unbekannte Degradationsphänomene beschrieben wer-
den. Neben der Beobachtung der äußerst schnellen Kinetik auf Kathodeno-
berflächen, gelang es in Kombination mit defektchemischen Modellrechnun-
gen erstmals, eine mechanistische Analyse der Sauerstoffaustauschreaktion auf
ursprünglichen unveränderten Kathodenoberflächen durchzuführen. Es wur-
de ein Mechanismus für diese elementare Reaktion auf der Oberfläche von
Gemischtleitern vorgeschlagen, der nicht nur die experimentell beobachteten
Abhängigkeiten der Sauerstoffaustauschrate von Sauerstoffpartialdruck und
Temperatur hervorragend erklärt, sondern auch für andere Materialien funk-
tioniert, was darauf hindeutet, dass die Sauerstoffaustauschreaktion für struk-
turell und chemisch unterschiedliche Materialien dem gleichen Mechanismus
folgt.

Um die experimentellen Möglichkeiten der i-PLD Technik auszuloten, wur-
de der Effekt von ultravioletter Beleuchtung durch die Plasmafackel während
PLD-Abscheidungen auf den Sauerstoffaustausch und die Sauerstoff-
nichtstöchiometrie von STO untersucht. Durch das experimentelle Setup war
es möglich, den Effekt von auftreffenden Teilchen aus der Plasmafackel vom
Effekt der UV-Strahlung auf die Leitfähigkeit von STO-Einkristallen zu iso-
lieren. Die Messungen bestätigten nicht nur, dass der Sauerstoffeinbau auf der
Oberfläche von STO durch UV-Strahlung beschleunigt wird, sondern dass sich
die Sauerstoffstöchiometrie oberflächennaher Bereiche im einkristallinen Sub-
strat signifikant von den Gleichgewichtskonzentrationen unterscheidet. Dieser
Effekt wird sogar verstärkt, wenn tatsächlich Material auf dem Einkristall ab-
geschieden wird.
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Um weiteren Einblick in die komplizierte Defektchemie von STO zu gewin-
nen, wurde eine neue Methode angewandt, um zuvor schwer zugängliche De-
fektkonzentrationen in undotiertem STO zu bestimmen. Mittels eines
Übertragungskettenersatzschaltbildes wurde die chemische Kapazität eines
undotierten STO-Einkristalls aus impedanzspektroskopischen Messungen be-
stimmt. Mit defektchemischen Modellrechnungen wurde ein Parametersatz
für STO ermittelt, der nicht nur die ionische und elektronische Leitfähigkeit
des Einkristalls korrekt vorhersagt, sondern auch die Konzentration von Ak-
zeptordefekten in undotiertem STO abschätzt. Gemeinsam mit Positron An-
nihilation Lifetime Spectroscopy Messungen war es möglich, die intrinsische
Akzeptorkonzentration in den untersuchten STO Einkristallen mit 6 ppm Tit-
anleerstellen zu quantifizieren.
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1 Introduction

In recent years, mixed ionic and electronic conducting materials have emerged as
state-of-the-art materials in many applications, ranging from the fields of energy
conversion and storage to electronics and sensor technologies [1–4]. For devices such
as solid oxide fuel cells (SOFCs) or solid oxide electrolysis cells (SOECs), the pro-
cess governing their efficiency is the oxygen exchange reaction (OER) at surfaces
of mixed conducting oxides, and its kinetics have increasingly come into the focus
of research over the last two decades [5–7]. Furthermore, the properties of various
functional oxides like SrTiO3 can be tuned by adjusting their defect chemistry, a
process tightly correlated with the materials oxygen nonstoichiometry where, again,
the OER is the essential reaction responsible for chemical equilibration [8, 9].

To deepen the understanding of mixed ionic and electronic conducting oxides, it is
necessary to consider the materials defect chemistry, the OER on the surface and
their correlation. To clarify the underlying mechanics of the OER, it is crucial to
retrace the process to its basic steps and to the fundamental participants in the
reaction, first and foremost, defects in the electronic and ionic structure of the ma-
terial. However, as the defect chemistry of mixed ionic and electronic conductors
itself is highly complex and often not fully understood, and as the OER is especially
sensitive to changes of the surface chemistry, it is crucial to develop a sophisticated
toolbox of methods and approaches to investigate the oxygen exchange kinetics and
the defect chemistry of pristine materials. A more detailed overview on the current
state of research of these two aspects will be given in the following chapter 2.

It is the aim of this thesis to contribute to this toolbox and to advance the under-
standing of mixed ionic and electronic conductors. Key aspects in this regard are the
quantitative investigation of OER rates on pristine surfaces together with activation
and degradation phenomena as well as ionic and electronic defect concentrations in
mixed ionic and electronic conducting oxides. For this purpose, the experimental
method of in-situ impedance spectroscopy during pulsed laser deposition (i-PLD)
[10, 11] has been established in this work as a sophisticated means to examine prop-
erties of truly pristine materials where degradation sources do not affect the surfaces
(chapter 3 and 4). The method was further used in novel types of experiments, such
as the investigation of the effect of illumination by the PLD plasma plume on the
impedance response of STO (chapter 6). Experimental details about the evolution of
the i-PLD setup can be found in the Appendix. As a second methodic pillar of this
thesis, defect chemical modelling was employed to investigate defect concentrations
in mixed ionic and electronic conductors (chapter 4 and 7). Thereby it was possible
to correlate defect concentrations with experimentally observed OER rates (chapter
5) and to introduce a novel approach to quantify intrinsic defect concentrations in
wide band gap semiconductors like STO (chapter 7).
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2 Current State of Research

2.1 Model Materials and their Defect Chemistry

A profound and comprehensive investigation of the defect chemistry and the OER
requires a set of model materials which are, on the one hand, well understood in
the sense of their defect chemistry and, on the other hand, catalytically active
for oxygen exchange. An overview of the materials used in this thesis is given in
Fig. 1. The most prominent material class investigated are perovskites, in particular
La0.6Sr0.4CoO3−δ (LSC), La0.6Sr0.4FeO3−δ (LSF) and SrTiO3−δ (STO). While LSC is
a promising SOFC cathode material and exhibits exceedingly fast oxygen exchange
kinetics [11–18], defect chemical considerations are difficult due to its metallic elec-
tronic structure and high oxygen vacancy concentration [19–24]. LSF and STO on
the other hand are particularly well investigated with regard to their defect chemistry
[25–33]. To extend observations to non-perovskite materials, a promising cathode
material with fluorite structure, Pr0.1Ce0.9O2−δ, was examined. While PCO does
not exhibit such fast oxygen exchange kinetics as LSC or LSF, it is chemically very
stable and its defect chemistry is also well investigated [34–37].

Figure 1: Unit cells and lattice parameters of the mainly investigated model mate-
rials La0.6Sr0.4CoO3−δ (LSC) [38], La0.6Sr0.4FeO3−δ (LSF) [39], SrTiO3−δ (STO) [40]
and Pr0.1Ce0.9O2−δ [41].

A shared property of the aforementioned materials, which is crucial for their appli-
cation in energy-related devices like SOFCs, is a certain capability to accommodate
oxygen vacancies V ··O (defects are denoted in the Kröger-Vink notation [42]) in the
crystal lattice and to adapt their overall stoichiometry, represented by δ in their
chemical formulae. Given a sufficiently fast oxygen exchange with the surrounding,
the materials nonstoichiometry is always in equilibrium with the atmosphere and its
oxygen partial pressure p(O2), thus ensuring a constant oxygen chemical potential.
This equilibrium is commonly deduced from the mass-action law:

1

2
O2 + V ··O + 2e′ ⇀↽ Ox

O with
[Ox

O]√
p(O2)[V ··O ][e′]2

= K0
oxe
−∆Hox

kBT , (1)
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with [i] denoting the concentration of species i, K0 the preexponential factor, kB
Boltzmann’s constant and T the temperature. Ox

O represents lattice oxygen ions
and e electrons. Depending on the specific material and the predominant elec-
tronic charge carrier, this reaction can also be written with electron holes h· in-
stead of electrons. The two charge carriers are coupled by electron-hole pair for-
mation/recombination processes. According to eq. 2, these can also be formulated
with a mass-action law which presents the second fundamental equation governing
the materials defect chemistry:

nil ⇀↽ h· + e′ with [h·][e′] = K0
e e
− Eg
kBT . (2)

Eg denotes the materials band-gap. In addition to these two equations, electroneu-
trality and site balances are required for a full description of the defect chemistry of
a material. Additionally, ionization equilibria are commonly formulated for PCO,
with electrons ionizing PrxCe to Pr′Ce [34] and for STO, with electron holes being
trapped at acceptor impurities [30].

Assuming no interaction between single defects (applying a dilute defect model),
the combination of these equations leads to a full description of the defect chemistry
of a material, which depends on temperature and oxygen partial pressure. The re-
sulting defect concentrations can be visualized in a Brouwer diagram. The resulting
Brouwer diagrams of LSF, PCO and STO calculated with mass action constants
from literature [25, 29, 30, 34, 37, 43, 44] are shown in Fig. 2.
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Figure 2: Calculated Brouwer diagrams of La0.6Sr0.4FeO3−δ (LSF), Pr0.1,Ce0.9O2−δ,
SrTiO3−δ (STO) at 600 ◦C. The defect chemistry of STO was calculated with a
bivalent acceptor concentration of [A]=2.0·1017 cm−3.

While this method of investigating defect concentrations in mixed ionic and elec-
tronic conductors may seem relatively straightforward, all materials are afflicted
with certain peculiarities which complicate the establishment of a realistic defect
model. First and foremost, the defect modelling method described above is based
on the so-called dilute defect model, meaning that interactions between defects are
fully neglected and all defects are considered as isolated and localized point defects
[45]. Depending on the material, this approach is suitable to a strongly varying
degree.
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Several attempts of point defect modelling for LSC have been made [46–49]. It has
been established that electronic conduction follows a mechanism best described by
delocalized electrons, implying a metallic band structure [19–21]. With regard to
oxygen vacancy concentrations [50] and oxygen vacancy ordering [24], the defect
chemistry of LSC thin films tends to differ from bulk material. Such differences are
also encountered in chapter 3 of this thesis.

For LSF, and PCO, point defect modelling with the dilute defect model has yielded
very good predictions of experimental results [25, 26, 28, 34, 36, 37], even though
the two are structurally and chemically very different materials. For both materi-
als, the concept of localized electronic charge carriers seems to represent the reality
with good agreement and no major charge carrier interaction phenomena seem to
occur. However, even for these materials, model calculations reach limits for certain
conditions, e.g. for possible hole-hole interactions at very high electron hole concen-
trations in LSF at high oxygen partial pressures [25]. In the case of PCO, a major
part of the defect chemical concept is a Pr impurity band, where electron hopping
between Pr atoms is facilitated, and which forms for high Pr doping amounts [51].
As is also discussed in chapter 4, this complicates the discussion of reactions at
the PCO surface, as it is not fully clear, which species participate in the oxygen
exchange reaction [34, 37, 51].

The widest application of point defect modelling of the mentioned materials can
certainly be found for STO, due to the extensive research on differently doped STO
for various applications. Especially for acceptor doped (e.g. Fe) and donor doped
(e.g. La) STO, very reliable defect models have been developed [29, 30, 33, 52–55],
mostly based on oxygen partial pressure and temperature dependent conductivity
experiments. While for acceptor and donor doped STO, the oxygen nonstoichiom-
etry and thus also electronic charge carrier concentrations are widely controlled
by the dopant concentration, this is not the case for undoped STO. Instead, its
electrochemical properties are mainly governed by intrinsic acceptor defects due to
Schottky equilibria during crystal growth and by impurity defects introducing a
valence change in the lattice [29, 56]. The concentration of such defects is hardly
accessible with analytic techniques (especially for cation vacancy defects) and is
therefore often assumed to be in the low-ppm range [56]. Naturally, this induces
a considerable margin of error in all derived quantities and underlines the neces-
sity of easily accessible methods to assess such intrinsic defect concentrations. This
problem is addressed in chapter 7 of this thesis.

14



2.2 Oxygen Exchange Kinetics and their Degradation

In reality, the oxygen exchange reaction described in eq. 1 is comprised of a mul-
titude of different reaction steps [5, 57]. For incorporation, oxygen from the atmo-
sphere has to be adsorbed on the surface of the cathode material. Subsequently,
the oxygen molecule needs to dissociate, the single oxygen atoms need to be in-
corporated into a surface vacancy and doubly ionized before or while being fully
incorporated into the crystal lattice.

The exact nature and order of these steps, as well as the identity of the rate de-
termining step (RDS), is discussed since many years and still far from understood.
Literature research yields a variety of approaches applied to clarify the oxygen ex-
change mechanism, ranging from impedance spectroscopy [58–62] and conductivity
relaxation [63, 64] to tracer exchange experiments [65–67], yielding often seemingly
conflicting results. On the one hand, various studies discuss the importance of elec-
tronic charge carriers [60, 63, 65, 68, 69], on the other hand, several reports about
the importance of oxygen vacancies on the surface have been published [57, 58,
64, 66, 70–77]. Moreover, there is still a dispute about the molecular vs. atomic
nature of the mechanism and about the type of adsorption site (physisorption vs.
chemisorption) [5, 66, 72, 74], however with a tendency towards adsorption of oxygen
molecules in surface vacancies. A visualization of three exemplary oxygen incorpo-
ration pathways is shown in Fig. 3.

Figure 3: Exemplary reaction pathways for the oxygen incorporation reaction on
SOFC cathode surfaces. Depending on the material the decisive electronic charge
carriers can either be electrons or electron holes.

The complexity of the oxygen exchange reaction (a detailed rate equation is given
in chapter 4) also illustrates that multiple defect concentrations enter the overall
reaction rate, most importantly the surface oxygen vacancy concentration and the
concentration of the necessary electronic charge carrier [57, 58, 68, 70, 75]. At this
point it becomes clear, how deeply the oxygen exchange is intertwined with a mate-
rials defect chemistry. In chapter 6, the i-PLD technique is employed to observe the
effect of UV illumination which has been reported to accelerate the oxygen incorpo-
ration on STO surfaces, thus strongly altering defect concentrations, which can be
observed in phenomena like photoconductivity, photovoltages and photochromism
[78–83]. In chapter 4, defect chemical modelling is applied to predict p(O2) and
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T dependencies of the OER rate and to assess the plausibility of different oxygen
exchange mechanisms and thus, to address the described connection between defect
chemistry and oxygen exchange reaction.

Degradation processes which retard the overall reaction rate on the electrode surface
are at least as complex as the oxygen exchange reaction. In principle, two funda-
mental types of degradation processes occur on SOFC cathode surfaces:

On the one hand, the material itself can undergo morphological or chemical changes
under operation conditions, thus inhibiting the surface exchange kinetics by chang-
ing defect concentrations or reducing adsorption sites. The best-known degradation
mechanism of this category is cation segregation, especially Sr segregation in Sr-
containing perovskites [15, 84–86]. The detailed mechanism of Sr segregation and
its driving forces are still subject of research [87]. It has since been established,
that cation size mismatch and lattice strain contribute considerably to the extent
of Sr segregation [88–92], as well as electrostatic interactions with a surface charge
(introduced by an increased oxygen vacancy concentration or by surface dipoles)
[90, 93–95]. A phenomenon usually observed in connection with Sr segregation is
particle formation on the electrode surface [92, 96–100]. However, while it is the
most obvious consequence of Sr segregation, it is expected that such particles do not
have a substantial effect on the oxygen exchange kinetics when the surface coverage
is not significant. The formation of such particles and their composition is a main
aspect of chapter 5 of this thesis.

On the other hand, impurities from the atmosphere or the direct surrounding of the
material can adsorb on its surface and cause similar effects, inhibiting the oxygen
exchange reaction on the surface. Among these effects, especially poisoning effects of
various elements in the measurement atmosphere have been investigated, prominent
examples are S, Cr and Si [101–107]. A central point in many of the mentioned stud-
ies is the formation of secondary phases with Sr that has segregated to the surface
[107], which may be the actual reason for a majority of the observed degradation
phenomena on Sr-containing cathode materials. However, many mechanistic aspects
are still subject of an ongoing discussion, i.e. how the actual degradation processes
occur and which chemical compounds block which active sites and alter which defect
concentrations. Chapter 5 also contributes to this discussion, as the compositional
analysis revealed that sample surfaces annealed in nominally pure synthetic air ac-
commodate substantial amounts of sulphur, accumulated in the observed segregates.
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3 Oxygen Exchange Kinetics and Nonstoichiom-

etry of Pristine La0.6Sr0.4CoO3−δ thin films un-

altered by degradation

This chapter contains in large parts material published in the following article:
Siebenhofer, M., Huber, T. M., Friedbacher, G., Artner, W., Fleig, J., & Kubicek, M.
(2020). Oxygen exchange kinetics and nonstoichiometry of pristine La0.6Sr0.4CoO3−δ
thin films unaltered by degradation. Journal of Materials Chemistry A, 8(16), 7968-
7979.

La0.6Sr0.4CoO3−δ thin films grown on YSZ single crystals were investigated directly
in the stage of deposition by means of In-Situ Impedance Spectroscopy during Pulsed
Laser Deposition (i-PLD). This method allows the observation of dense thin films
unaltered by degradation and provides information about the oxygen exchange ki-
netics as well as the defect chemistry of pristine LSC thin films. These measurements
revealed remarkably low surface resistance values (1.3 Ωcm2 at 600 ◦C and 0.04 mbar
O2) compared to films measured outside the PLD chamber (∼20 Ωcm2 at 600 ◦C
and 0.04 mbar O2). Also the activation energy of the surface exchange resistance
at 0.04 mbar p(O2) is significantly lower than at ambient conditions (∼1 eV vs.
∼1.3 eV) and degradation happens considerably slower. Furthermore, the grain size
of the LSC thin film does not affect its initial surface resistance directly after depo-
sition. The chemical capacitance of LSC thin films was linked to the concentration
of oxygen vacancies and shows that LSC thin films exhibit lower oxygen vacancy
concentrations than the corresponding bulk material.

3.1 Methods

3.1.1 Sample Preparation

At first, current collector grids (5 nm Ti / 100 nm Pt, 30 µm square holes / 5 µm
stripes) were prepared by lift-off photolithography and metal sputtering (Bal Tec
MED 020, Leica Microsystems GmbH, Germany) on both sides of (100) oriented
yttria stabilized zirconia (YSZ, 9.5 mol % Y2O3, Crystec GmbH, Germany) single
crystalline substrates (5 x 5 x 0.5 mm3). This grid served as the base for working
electrode (WE) and counter electrode (CE) and ensured that the whole film was ac-
tive (Fig. 4). After deposition, each sample was examined with optical microscopy
to calculate the exact area of the active LSC surface (= area of the LSC/YSZ inter-
face), which is typically in the range of 35% to 42% of the entire sample area.

The LSC targets for the pulsed laser deposition (PLD) of the thin films were syn-
thesized from powders via a Pechini routine [108]. La2O3, SrCO3 powders and Co
granules (all Sigma-Aldrich, 99.995%) were each dissolved in nitric acid (Aldrich,
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70% purified by redistillation, 99.999%), diluted with water and mixed. 1.1 mol
citric acid (Aldrich 99.9998% metals basis) was added for each mol of cations for
chelation. The mixture was heated on a hotplate and after sufficient evaporation
of water, a viscous foam developed which self-ignited after continuous heating. The
product was calcined at 1000 ◦C for 2 h and pressed to a pellet by cold isostatic press-
ing (300 - 310 MPa) which was then sintered in air for 12 h at 1200 ◦C, yielding
a La0.6Sr0.4CoO3−δ PLD target. The exact composition of the thin films slightly
differed from the target so the preparation routine was modified until the thin
film composition was of satisfying quality [15]. The final thin film composition
(La0.612±0.002Sr0.406±0.003Co0.983±0.005O3) was determined from a thin film deposited
on YSZ by standard PLD, which was dissolved in hydrochloric acid and analyzed
with Inductively Coupled Plasma - Mass Spectroscopy (Thermo Scientific iCAP Q,
USA).

Figure 4: Microscope photographs of grid details (a and c) as well as overviews of
larger sample areas before and after deposition (b and d).

LSC films were then deposited by PLD on top of the current collector grids. All
depositions were done by means of a KrF (λ = 248 nm) excimer laser (Lambda
Physics, COMPex Pro 201) with a laser fluence of approximately 2 J/cm2. For the
counter electrode, 9000 laser pulses at a frequency of 5 Hz were shot on the LSC
target with the target substrate distance set to 5 cm, the atmosphere was set to
0.4 mbar O2 and the substrate was heated to a temperature of 450 ◦C, measured with
a pyrometer (Heitronics). These deposition conditions yielded columnar and porous
films which showed an especially low polarization resistance due to an increased
inner surface [12, 15]. After the counter electrode deposition process was finished,
the sample was cooled to room temperature in the deposition atmosphere at a cooling
rate of 15 ◦C/min. Then the edge sides of the sample were treated by grinding to
remove excess material, thus preventing short circuits. The resulting samples were
used for the following i-PLD study in which dense LSC thin films were investigated.

3.1.2 In-situ Impedance Spectroscopy during PLD (i-PLD)

The i-PLD setup is shown in Fig. 5. Details of the method are described elsewhere
[11]. At the beginning, a corundum plate is placed directly on the platinum heat-

18



ing wires. To contact the counter electrode, a platinum sheet is placed on top and
fixed by a corundum frame with an opening. Then the sample with both current
collectors and the counter electrode already deposited is placed into this opening
such that the counter electrode is in contact with the platinum sheet. Afterwards
it is covered with another corundum plate with a smaller opening which serves as a
mask during PLD to avoid coating along the sample faces. The top current collector
is then contacted by a Pt tip attached to a Cu arm.

Before the actual i-PLD measurements started, the LSC target was ground and
cleaned, mounted in the PLD chamber and preablated for 60 s at 5 Hz. The at-
mosphere was then set to 0.04 mbar O2 and the sample was heated to the desired
temperature which was controlled by measuring the high frequency minimum or real
axis intercept of impedance measurements. This resistance is largely caused by the
ionic conduction of YSZ but also includes an internal resistance of the setup which
was previously measured and subtracted. Combined with the known temperature-
conductivity relation of YSZ single crystals [109], the resulting resistance was used
to determine the actual sample temperature. During the deposition of the working
electrode, the laser was operated with a frequency of 2 Hz for a predefined pulse
number.

Then impedance measurements were performed with an Alpha-A High Performance
Frequency Analyzer and Electrochemical Test Station
POT/GAL 30V/2A setup by Novocontrol Technologies in the frequency regime from
106 to 10−1 Hz. The resolution was set to five points per decade and an alternating
voltage of 10 mV rms was used. Two impedance spectra were recorded for each
film thickness. Those generally agreed very well, ensuring that the defect chem-
istry of the sample was equilibrated and that degradation processes inside the PLD
chamber were negligibly slow on this timescale. The LSC growth rate was about
0.025 nm/pulse which was confirmed with profilometer (DekTakXT, Bruker, USA)
measurements of the deposited films.
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Figure 5: Sketch of the i-PLD setup and of the standard sample structure.

3.1.3 Structural Characterization

Samples with thin films deposited at different temperatures were examined by means
of grazing incidence X-ray diffraction (XRD) with an incidence angle of 2◦ in an
Empyrean X-ray diffractometer (Malvern Panalytical) equipped with a parallel beam
mirror on the incident beam side and a parallel plate collimator and a scintillation
detector on the diffracted beam side. All scans were done with a measuring time
of ∼1 h per sample. The diffractograms were analyzed with Panalytical Highscore
[110].

Atomic force microscopy (AFM) was performed on samples deposited at different
temperatures to analyze differences in surface microstructures. The measurements
were done in tapping mode with a Nanoscope V multimode setup (Bruker) over a
scan area of 1 x 1 µm2. The graphs of the experimental data were treated with
ImageJ to gain information about grain size and grain density.
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3.1.4 Ex-situ Electrochemical Characterization

Ex-situ impedance spectroscopy was performed with an Alpha-A High Performance
Frequency Analyzer and Electrochemical Test Station POT/GAL 30V/2A setup
by Novocontrol Technologies in the frequency regime from 106 to 10−2 Hz. The
samples were heated in a tube furnace and the temperature was measured with a
type S thermocouple positioned about 1 cm next to the sample. For low oxygen
partial pressure experiments the ex-situ setup was evacuated to a base pressure of
10−5 mbar and afterwards the desired p(O2) was set with a controlled oxygen gas
flow. Ex-situ measurements at ambient conditions were conducted in the same setup
filled with air.

3.2 Results and Discussion

3.2.1 Structure and Surface of La0.6Sr0.4CoO3−δ Thin Films

Figure 6: Diffractograms and AFM scans of samples with LSC films (100 nm thick-
ness) deposited on YSZ at different temperatures of 600 ◦C (a), 550 ◦C (b), 500 ◦C
(c) and 450 ◦C (d).

LSC thin films were found to grow in a columnar way on the YSZ substrates. Thin
films deposited at different temperatures all showed the same crystal structure and
phase purity. Additional peaks from the platinum grid (visible in Fig. 6) could not
be avoided as the grid must be prepared before the deposition.

As expected from earlier studies [14] and from nucleation theory [111], the AFM
scans confirmed different surface morphologies for different deposition temperatures.
All four samples show clearly distinguishable and homogeneously distributed grains
with different grain size and different grain boundary groove depth (Fig. 7). The
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average grain diameter increases from 16.6 nm for the sample deposited at 450 ◦C
to 35.5 nm for the sample deposited at 600 ◦C, the highest deposition temperature.
Similarly the maximum grain boundary groove depth increases from 7.0 to 12.6
nm. The average roughness of the dense films increases from 1.11 nm at 450 ◦C to
2.33 nm at 600 ◦C.

Figure 7: Grain size, grain boundary groove depth and film roughness for the four
different deposition temperatures 600, 550, 500 and 450 ◦C; all three properties,
grain size, grain boundary groove depth and RMS roughness increase with deposition
temperature, lines are a guide to the eye.

3.2.2 Impedance Spectroscopy on LSC Thin Films during Growth

In an earlier study using i-PLD, it was already discussed that about 2-3 nm LSC are
required to cover the Pt current collectors to an extent that true LSC properties are
measured [11]. In accordance with this study, the first measured spectrum after 2 nm
(100 pulses) includes three clearly distinguishable features (Fig. 8). The following
interpretation of these arcs is based on the current paths discussed in [11, 112]. The
first feature in the high frequency regime (100 kHz - 1 kHz) is attributed to a current
path which is limited by the sheet resistance of the LSC thin film RWE, sheet and the
small double layer capacitance at the interface between the current collector and
the electrolyte CCC, dl. This impedance feature becomes smaller with increasing film
thickness. Some samples show a second high frequency feature which was attributed
to the resistive and capacitative properties of the LSC/YSZ interface [113]. At lower
frequencies, the common current path of such thin film cells becomes dominant, i.e.
current flow with rate limiting oxygen surface exchange at either the working or the
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counter electrode and chemical capacitors of the electrodes. This results in the mid
frequency arc (1 kHz - 1 Hz), corresponding to the growing LSC top electrode, and
a low frequency arc (< 1 Hz), reflecting the LSC counter electrode. The chemical
capacitance of the counter electrode is much higher due to its larger thickness,
and the corresponding impedance feature remains constant over the course of the
experiment.

Figure 8: Impedance spectra for a growing LSC thin film after 80, 160 and 400
pulses (2, 4 and 10 nm). The film was grown at 600 ◦C and 0.04 mbar p(O2). All
impedance data were fitted using the equivalent circuit shown on top.

This study has a focus on the mid frequency arc which represents the oxygen ex-
change resistance RWE, surf and the mainly chemical capacitance CWE of the growing
LSC film [10]. These results can be interpreted with regard to the kinetic and ther-
modynamic properties of the LSC film. The impedance contribution was quantified
by an equivalent circuit fit of the spectra to three serial R-CPE elements, see Fig. 8
(CPE = constant phase element). The capacitance of the LSC working electrode
can be calculated from the corresponding CPE element, which describes a non ideal
capacitor, using the following relations [114]:

ZCPE = Q−1(iω)−n and C = (R1−n ·Q)1/n, (3)

with the fit parameters n and Q. Typical exponents of n were in the range of 0.7 to
0.9.

The LSC oxygen exchange resistance RWE, surf was then normalized to the film
area in direct contact with YSZ, excluding the inactive area above the Pt current
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collectors [11]. The area specific surface exchange resistance of LSC thin films is
shown in Fig. 9. The plot shows that the resistance drops significantly over the first
20 nm and levels off at about 30 to 50 nm. However, this decay is not due to improved
surface exchange properties but is a consequence of the LSC sheet resistance which
reduces the active LSC surface area for very thin LSC films [11]. Thus, for very early
stages of film growth, only a part of the free LSC area between the current collector
grid is active and the resistance normalized to the whole LSC area is increased.
Therefore, the first 50 nm are not taken into account when averaging the actual
surface exchange resistance of the films. The average values resulting above 50 nm
are given in Fig. 9 and plotted in Fig. 10 versus the deposition (= measurement)
temperature. These resistances are remarkably low, particularly when taking into
account the low oxygen partial pressure of 0.04 mbar (e.g. 1.3 Ωcm2 at 600 ◦C).

Figure 9: Surface exchange resistance (RWE, surf ) of LSC thin films normalized to the
grid-free area measured in-situ during PLD at different deposition (= measurement)
temperatures and 0.04 mbar p(O2).

The capacitances of the thin films are shown in Fig. 11. Those are largely due to
the chemical bulk capacitance of LSC and increase during growth [115]. Chemical
capacitances are defined according to

Cchem = 4F 2 · n0

(
∂µO
∂cO

)−1
, (4)

where n0 is the absolute concentration of oxygen sites. When extrapolating the
capacitance data from the thicker films, one is left with a residual capacitance which
is already known from earlier experiments [11]. This is attributed to a thickness-
independent interfacial capacitance. An increase of this interfacial capacitance with
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deposition temperature (from 0.4 mF/cm2 at 450 ◦C to 1.5 mF/cm2 at 600 ◦C)
is observed. Those values are in the range of the capacitance at 600 ◦C reported
in [11] (1 mF/cm2). Exact reasons behind this interfacial capacitance are not yet
known, but its high value and its temperature dependency clearly point to a non-
electrostatic, i.e. chemical, origin. The main capacitive contribution, however, is
the thickness dependent bulk chemical capacitance of the LSC film. Its normalized
value is accessible from the slope of the measured capacitance vs. thickness (x)
curve according to

CWE = CWE, int + CWE, chem · x. (5)

These normalized chemical bulk capacitances CWE, chem are given in Fig. 11 and are
plotted in Fig. 10 versus the deposition temperature.

Figure 10: Surface exchange resistance and chemical capacitances of films directly
measured in-situ (i-PLD) at the respective deposition temperature and a deposition
pressure of 0.04 mbar p(O2). (Ten different films were investigated and thus an
activation energy analysis is not performed here, lines are a guide to the eye.)
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Figure 11: Capacitances (CWE) of LSC thin films normalized to the grid-free area
during exemplary in-situ PLD measurements at different deposition and measure-
ment temperatures and 0.04 mbar p(O2). The values of the last 50 nm were used
to extrapolate the capacitance to lower thicknesses.

As expected for a chemical capacitance, CWE, chem increases with temperature due
to the accompanying rise of the oxygen vacancy concentration. It is higher than
values reported in previous studies which themselves scatter, partly due to different
measurement conditions [12], [116], [117], [21], [11], [118] (see Tab. 1). Our high
capacitance is largely attributed to the low oxygen partial pressure in the PLD
chamber which results in a high concentration of oxygen vacancies.

Table 1: Chemical capacitance of LSC thin films at different conditions measured
by various authors.

source T [◦C] p(O2) Cchem,WE [F/cm3]
this work - in-situ 600 0.04 mbar ∼2900
this work - ex-situ 600 0.21 mbar ∼1500

Januschewsky et al. [12] 600 0.21 bar ∼2000
Wilson et al. [117] 725 0.01 bar ∼2200
Wilson et al. [117] 725 0.21 bar ∼1100
Kawada et al. [21] 600 0.1 mbar ∼2000
Rupp et al. [11] 600 0.04 mbar ∼1300
Rupp et al. [116] 600 0.4 mbar ∼2500
Sase et al. [118] 700 0.1 bar ∼1050
Sase et al. [118] 700 0.1 mbar ∼2000
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3.2.3 In-situ Analysis of Oxygen Surface Exchange on Pristine LSC Thin
Films: Temperature and Grain Size Effects

To compare the properties of differently deposited pristine LSC thin films directly af-
ter deposition, it is necessary to bring the samples prepared at different temperatures
to the same measurement temperature. To minimize degradation, the samples were
only measured at temperatures lower than the deposition temperature. Thereby
the film deposited at 600 ◦C was measured at the four temperatures 600, 550, 500
and 450 ◦C while the sample prepared at 450 ◦C was only measured at 450 ◦C. The
results are shown in Fig. 12. Interestingly, all data points lie close to the Arrhe-
nius line given by the film deposited at 600 ◦C. Accordingly, we conclude that the
preparation temperature has very little effect on the initial oxygen exchange prop-
erties, very fast oxygen exchange is found for all deposition temperatures. Hence,
an overall analysis of all points was performed and lead to an activation energy
EA = 1.05 eV for the oxygen exchange reaction of these freshly deposited films.
Excluding the film prepared at 450 ◦C, which is slightly off, we get an activation
energy of EA = 1.02 eV. This is unusually low compared to literature data obtained
ex-situ [12], [116], [119], [120], [121], [122] (see Tab. 2). In all cases the average
measured surface exchange resistance is very low for all temperatures, ranging be-
tween RWE ∼ 1.3 Ωcm2 (at 600 ◦C and p(O2) = 0.04 mbar) and RWE ∼ 20.9 Ωcm2

(at 450 ◦C and p(O2) = 0.04 mbar) excluding the sample at 450 ◦C.

Table 2: Activation energies of LSC surface exchange resistances measured ex-situ
at different conditions by various authors.

source T [◦C] p(O2) EA [eV]
this work - in-situ 450 - 600 0.04 mbar 1.02 - 1.05
this work - ex-situ 450 - 600 0.21 mbar 1.31 - 1.59
this work - ex-situ 450 - 600 0.04 mbar 0.85 - 0.96
Rupp et al. [116] 475 - 600 0.21 bar 1.26
Egger et al. [119] 525 - 725 0.001 bar 1.44
Egger et al. [119] 525 - 725 0.1 bar 1.84

Januschewsky et al. [12] < 670 1 bar 1.4
Zhao et al. [120] 450 - 600 0.21 bar 1.26 - 1.33
Hayd et al. [121] 500 - 700 0.21 bar 1.42

Baumann et al. [122] 600 - 750 0.21 bar 1.3

These results indicate that the crystallite size of the film, which depends on the
deposition temperature, has no significant effect on the surface exchange reaction
properties of the films. This is expected since LSC is a mixed ionic electronic con-
ducting material and the whole surface area of the electrode is available for the
oxygen exchange reaction. On the other hand studies of other authors have shown
that LSC thin films deposited at different temperatures show differences in degra-
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dation behaviour and thus also in their ex-situ surface exchange resistance [14].
Although the area specific grain boundary length in our experiments almost dou-
bles when decreasing the deposition temperature from 600 ◦C to 450 ◦C, the surface
exchange resistance shows no corresponding trend and seems to be not affected by
the different grain sizes (see Fig. 13). Thus, we conclude that in pristine LSC films,
grain boundaries do not contribute significantly to the oxygen exchange reaction.
This is also in accordance with (ex-situ) tracer exchange measurements done by
Saranya et al. [123].

Figure 12: Comparison of the surface exchange resistance of pristine LSC films
deposited at different temperatures (1.02 eV activation energy results without the
film deposited at 450 ◦C, else EA = 1.05 eV).
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Figure 13: Dependency of the surface exchange resistance of the thin film grain size.
To illustrate the impact of the grain size on the structure of the film the area specific
grain boundary length is also plotted in the figure. Lines are a guide to the eye.

3.2.4 Comparison of Oxygen Exchange Properties measured In-Situ (Pris-
tine Films) and Ex-Situ

To gain information about the ex-situ behaviour of the thin films, another set of
samples was deposited at the same conditions (all four deposition temperatures and
0.04 mbar p(O2)). Again, the in-situ surface exchange resistance data fit very well
to the previously measured data. These samples were then measured during tem-
perature cycling between 450 ◦C and 650 ◦C in a conventional setup after evacuation
and filling with oxygen to reach the same operating pressure as in the PLD cham-
ber. These measurements show a severe change in the surface exchange resistance
between in-situ and ex-situ measurements (Fig. 14 a). Already the very first ex-situ
measurements revealed more than an order of magnitude higher resistances than the
in-situ studies (”unknown degradation” in Fig. 14 a). The heating/cooling cycle
lead to only slight further degradation of the surface resistance and an average acti-
vation energy of 0.96 eV resulting without 650 ◦C data, which is close to the in-situ
measurements (1.02 - 1.05 eV). The small difference is at least partly attributed to
the fact that the in-situ measurements were only performed during cooling. This is a
first indication that the severe difference between in-situ and ex-situ measurements
due to ”unknown” degradation possibly originates from the number of catalytically
active sites but not a difference in the oxygen exchange mechanism itself.
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Figure 14: Arrhenius plots of the surface exchange resistance values averaged over
the dense LSC thin films deposited at 450, 500, 550 and 600 ◦C, measured in different
environments (all measurements at 0.04 mbar are shown in a), measurements in air
are shown in b)). Arrhenius lines are labelled with the corresponding activation
energies.

After having finished the ex-situ measurements at 0.04 mbar oxygen, the setup was
filled with air and the samples were measured again at ambient conditions. During
these measurements, an initial partial pressure induced decrease of the surface ex-
change resistance by a factor of 10 (at 600 ◦C) was observed (Fig. 14 b). However,
the two heating/cooling cycles shown in this figure indicate a very severe degradation
in this atmosphere in contrast to the cycles in 0.04 mbar O2. This also complicates
the determination of accurate activation energies. For averaged resistance values
of two consecutive heating/cooling cycles, we get 1.31 eV and 1.59 eV respectively.
Changing finally back to 0.04 mbar oxygen revealed a strongly increased resistance
(due to the degradation in ambient air) but again a low activation energy (1.10 eV).
Accordingly, we can conclude that the surface exchange kinetics has a substantially
higher activation energy in air compared to 0.04 mbar O2, independent of the degra-
dation state. This aspect will be addressed in further detail in chapter 4.

The complete evolution of the surface exchange resistance over the experiments is
visualized in Fig. 15. Despite the continuous ex-situ degradation, we can estimate
an ex-situ partial pressure dependent change of RWE, surf in the range of a factor of
ten between 0.21 bar and 0.04 mbar O2. When projecting the same dependency to
the pristine films (in-situ measured) we get a very low surface exchange resistance of
about 0.1 Ωcm2 at 600 ◦C in air. Still, even after the first ”unknown degradation”
and about 36 h of measurements at 0.04 mbar O2 we find surface exchange resistance
values between 1.7 and 2.9 Ωcm2 ex-situ in air and at 600 ◦C which is lower than
most values reported in literature [11]. This emphasizes that our LSC thin films
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are exceptionally active in-situ and still kinetically very fast ex-situ, despite the
unknown degradation processes.

Figure 15: Evolution of the surface exchange resistance of dense LSC thin films
deposited at different temperatures but all measured at 600 ◦C during different
stages of the experiment. Significant changes of the surface exchange resistance
were labelled according to their reason.

For a further discussion of the degradation phenomena occurring in the experi-
ments conducted in this study, it is useful to consider three experimental stages:
in-situ measurements, the transfer to the ex-situ setup and ex-situ measurements
(see Fig. 16). Already in-situ, shortly after deposition, a first degradation of the
LSC thin film surface activity can be observed. Since the oxygen partial pressure
inside of the PLD chamber is very low and no other gases are present in considerable
amounts, the degradation inside of the PLD chamber is likely due to internal driv-
ing forces leading to Sr segregation. For example the size mismatch of the doped
cations and the thereby induced lattice strain, as well as electrostatic interactions
may pull Sr ions out of the bulk towards the surface [87]. This assumption is also
supported by the results of XPS measurements which show an increased Sr content
near the surface for some samples directly after deposition [14]. In a representative
measurement, a film deposited at 450 ◦C was heated to 600 ◦C in the in-situ setup
and the degradation of the surface exchange resistance was measured (see Fig. 16).
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After 15 h, the initial resistance of 2 Ωcm2 increased by a factor of 4 and approached
a stable value of 8 Ωcm2 in 0.04 mbar oxygen atmosphere.

In the first ex-situ measurement at low oxygen partial pressures, the surface ex-
change resistance was usually between 20 and 30 Ωcm2. Since samples were usually
removed from the PLD chamber within 30 min, there seem to be further adverse
processes occurring during cooling in PLD atmosphere, during the transfer to the
ex-situ setup in air, or during heating up ex-situ. These contributions are summa-
rized as environmental contributions in Fig. 16.

During cooling and heating the samples are exposed to thermal stress which could
lead to irreversible changes of the sample surface structure. Several authors report
that it is possible that the sample surface cracks due to different thermal expansion
coefficients of the film and the electrolyte materials [116],[124]. However, such cracks
could not be found in AFM imaging. Furthermore, cracking of dense model elec-
trodes would also lead to an increase of the free surface area, thus rather promoting
the oxygen exchange reaction than impeding it. For these reasons, thermal stress
does not seem to be the reason for the observed degradation phenomenon between
in-situ and ex-situ measurements.

During the transfer to the ex-situ setup and in the ex-situ setup itself the sample
surface is exposed to lab air and a new measurement atmosphere for several hours.
The most likely reason for the much higher surface exchange resistance during the
first ex-situ measurements is the adsorption of gas molecules on the surface, related
to classic poisoning effects during operation [125],[126]. Such adsorbed molecules
may facilitate or accelerate the formation of a number of species already found
in ex-situ annealing experiments like SrO [14], Sr(OH)2 [14], SrCO3 [127], SrSO4

[126],[128],[103] which could also form during the first heating and impede the in-
tially very fast oxygen exchange reaction.

In the final stage of the experiments, during ex-situ measurements in air, a further
strong degradation of the surface activity was observed. We strongly expect that
the degradation effects in this phase are dominated by oxide or hydroxide formation
processes which were also observed in the XPS results from Cai et al. [14], indicating
that SrO or Sr(OH)2 phases form on LSC surfaces exposed to high temperatures
(600 ◦C) and air.
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Figure 16: Overview of different degradation sources and driving forces in different
experimental stages - in-situ, during transfer and ex-situ. Basic kinetic mechanisms
are visualized next to exemplary measurements concerning the particular degrada-
tion processes.

We thus conclude that our ex-situ properties as well as most other ex-situ properties
reported so far on thin film LSC do not fully exploit the kinetic capability of LSC
surfaces. This again highlights the necessity to further explore the in-situ/ex-situ
difference and ways how to avoid it. While Sr segregation due to elastic driving
forces can hardly be avoided in pure LSC, yet unknown processes seem to happen
during the first exposure to air and the exposure to the gas in the measurement
setup. A parallel study on La0.6Sr0.4FeO3 (with similar effects) [129] indicates that
sulphur, which is also known to have a severe effect on the surface exchange kinetics
in the form of SO2 poisoning during operation [126] may play a key role in the
processes during the transfer from in-situ to ex-situ setups.

3.2.5 Chemical Capacitances measured In-Situ and Ex-Situ

With regard to the chemical capacitance of the films, the ex-situ measurements at
PLD conditions show a significant increase of Cchem compared to the in-situ measure-
ments, especially at higher temperatures (Fig. 17). Since the chemical capacitance
is a bulk property, these changes are not necessarily connected to the unknown
degradation of RWE, surf . A severe contribution due to asymmetrical heating of the
sample in the in-situ measurement setup is excluded, as the highest thermovoltage
induced in the single crystal at 600 ◦C was ∼ 35 mV which does not shift the chem-
ical potential of oxygen in LSC substantially. When the ex-situ setup is filled with
air, the chemical capacitance decreases to ∼ 1500 F/cm3 at 600 ◦C, a value which is
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in the range of literature values at comparable conditions [12, 117] (refer to Tab. 1).
As there are very few other data available on the chemical capacitance of LSC thin
films at such conditions, it is still difficult to make a conclusive statement about
the reasons behind the difference between in-situ and ex-situ measurements. Simi-
lar measurements on the chemical capacitance of 1.5 µm thin films at such oxygen
partial pressures were only done by Kawada et al. who found lower capacitances
(∼2200 F/cm3 at 600 ◦C and 0.04 mbar p(O2)) [21]. One possible reason for the
higher ex-situ capacitance is that, due to compressive strain introduced during the
PLD process [38], the formation of oxygen vacancies in our thin films is significantly
inhibited which would lead to a decreased concentration of oxygen vacancies and
thus of Cchem for the unrelaxed in-situ films.

Figure 17: Chemical capacitance values of dense LSC thin films averaged for films
measured in-situ and ex-situ at different oxygen partial pressures and different tem-
peratures. Each value is an average of films deposited at 450, 500, 550 and 600 ◦C.

For further discussion we may relate the chemical capacitance to the defect chemistry
of the material. The capacitance of a film with diluted defects can be interpreted
with regard to the chemical composition according to [25], [130]:

Cchem =
4e2

kBT
·
(

1

cV
+

4

ceon

)−1
, (6)

where cV and ceon denote the concentration per unit cell of vacancies and electronic
defects, respectively. Cchem thus depends mainly on the minority charge carrier.
LSC shows a complex defect chemistry due to its metallic behaviour and the dilute
limit is certainly not given for electronic charge carriers. However, we assume that
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oxygen vacancies are still present at comparatively low concentrations for most of
our experiments and hence eq. 6 is still used as a first estimate to further ana-
lyze our data. The cell volume needed for this estimate was calculated with the
lattice parameter a = 3.9496 �A [131]. Assuming that the vast majority of the oxy-
gen vacancies in the material are introduced by doping, correlated with the doping
concentration by

c(h•) + 2 · c(V ••O ) = cdop, (7)

the dependency between the chemical capacitance and the concentration of oxygen
vacancies can be calculated according to (Fig. 18):

Cchem =
4e2

kBT
·
(
cV (cdop − 2cV )

cdop + 2cV

)
, (8)

and consequently the oxygen vacancy concentration is given by:

cV =
cdop
4
− CChemkBT

8e2
±

√
−cdopCChemkBT

8e2
+

(
− cdop

4
+
CChemkBT

8e2

)2

. (9)

Figure 18: Chemical capacitances according to eq. 8 for 600 ◦C and 450 ◦C and
defect concentrations of La0.6Sr0.4CoO3−δ, calculated from the chemical capacitance
measured in-situ in 0.04 mbar O2. The symbols (squares for 600 ◦C and triangles for
450 ◦C) indicate the two possible cV values leading to the measured Cchem (according
to eq. 9). The temperature dependency indicates the lower cV values as the relevant
ones.
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Regarding the correlation of chemical capacitance and oxygen vacancy concentra-
tion, every chemical capacitance can thus be caused by two different values of cV .
The measured temperature dependency of Cchem, together with the known positive
vacancy formation enthalpy, identifies the lower values as the correct ones (see arrow
in Fig. 18), i.e. 2·1020 cm−3 at 450 ◦C and 5 ·1020 cm−3 at 600 ◦C. These values
correspond to oxygen nonstoichiometries of 0.01 at 450 ◦C and 0.027 at 600 ◦C. In
Fig. 19, oxygen nonstoichiometries resulting for in-situ measurements, as well as
ex-situ measurements at 0.04 mbar O2 and ambient conditions are shown in more
detail. Furthermore oxygen nonstoichiometry measurements of several other authors
on bulk LSC are displayed for comparison. The ex-situ measurement at 0.04 mbar
p(O2) and 600 ◦C could not be analyzed in the same manner as we seemingly ap-
proach a region where the dilute limit is not valid anymore and the interaction
between charge carriers cannot be neglected; the measured 5000 F/cm3 is already
slightly higher than the nominal maximum possible for a dilute model at 600 ◦C
(4743 F/cm3).

Figure 19: Oxygen nonstoichiometry of La0.6Sr0.4CoO3−δ films during in-situ and ex-
situ measurements compared to bulk measurements of several authors in different
pressure and temperature regimes (Kuhn et al. [132], Sitte et al. [133], Wang et al.
[59]). Lines are a guide to the eye.

For both the low pressure and the ambient regime, the comparison of the oxygen
nonstoichiometries of our thin films to bulk measurements of other authors shows
that the thin films tend to exhibit a lower oxygen vacancy concentration than bulk
samples at comparable conditions [132], [133], [59]. This also supports the conclusion
of Kawada et al. [21] that the oxygen vacancy formation enthalpy in thin films is
higher than for bulk samples of the same composition.
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3.3 Conclusions

With i-PLD, a novel measurement technique is employed to characterize growing
dense LSC thin films directly during pulsed laser deposition. This technique allows
the investigation of LSC thin films at very early stages after deposition. These
pristine LSC films, unaltered by degradation processes, show a very low surface
exchange resistance (RWE ∼ 1.3 Ωcm2 for 600 ◦C and p(O2) = 0.04 mbar) and an
unusually low activation energy (1.02 - 1.05 eV). The same films measured ex-situ in
comparable conditions show more than 10 times higher surface exchange resistance
values, but a comparable activation energy. This points toward a yet unknown
degradation mechanism affecting pristine LSC surfaces during the first exposure
to air or measurement environment. When measured ex-situ in air, the resistance
drops again but degradation happens much faster. The activation energy increases
to higher values (in the 1.3 - 1.6 eV range), indicating a p(O2) dependent activation
energy of the surface exchange resistance of LSC thin films. It is worth emphasizing
that, even ex-situ, the films exhibit high electrochemical activity compared to most
literature data, at least before further degradation. Grain size does not seem to
affect the oxygen exchange reaction of pristine LSC thin films at all since films
deposited at different temperatures (resulting in different grain sizes) show very
similar in-situ properties. Furthermore, with the method described in this study,
it is possible to exactly measure the chemical capacitance of freshly deposited thin
films and to assess their otherwise hardly accessible defect chemistry. The results
of these measurements suggest that thin films tend to have a lower oxygen vacancy
concentration compared to bulk measurements at comparable conditions.
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4 Investigating Oxygen Reduction Pathways on

Pristine SOFC Cathode Surfaces by In-Situ PLD

Impedance Spectroscopy

This chapter contains in large parts material published in the following article:
Siebenhofer, M., Riedl, C., Schmid, A., Limbeck, A., Opitz, A. K., Fleig, J., &
Kubicek, M. (2021). Investigating oxygen reduction pathways on pristine SOFC
cathode surfaces by in-situ PLD impedance spectroscopy. Journal of Materials
Chemistry A. The supporting information referred to in the text is provided on-
line by the publisher.

The oxygen exchange reaction mechanism on truly pristine surfaces of SOFC cathode
materials (La0.6Sr0.4CoO3−δ = LSC, La0.6Sr0.4FeO3−δ = LSF,
(La0.6Sr0.4)0.98Pt0.02FeO3−δ = Pt:LSF, SrTi0.3Fe0.7O3−δ = STF, Pr0.1Ce0.9O2−δ =
PCO and La0.6Sr0.4MnO3−δ = LSM) was investigated employing in-situ impedance
spectroscopy during pulsed laser deposition (i-PLD) over a wide temperature and
p(O2) range. Besides demonstrating the often astonishing catalytic capabilities of
the materials, it is possible to discuss the oxygen exchange reaction mechanism based
on experiments on clean surfaces unaltered by external degradation processes. All
investigated materials with at least moderate ionic conductivity (i.e. all except
LSM) exhibit polarization resistances with very similar p(O2)- and T-dependencies,
mostly differing only in absolute value. In combination with non-equilibrium mea-
surements under polarization and defect chemical model calculations, these results
elucidate several aspects of the oxygen exchange reaction mechanism and refine the
understanding of the role oxygen vacancies and electronic charge carriers play in the
oxygen exchange reaction. It was found that a major part of the effective activa-
tion energy of the surface exchange reaction, which is observed during equilibrium
measurements, originates from thermally activated charge carrier concentrations.
Electrode polarization was therefore used to control defect concentrations and to
extract concentration amended activation energies, which prove to be drastically
different for oxygen incorporation and evolution (0.26 vs. 2.05 eV for LSF).

4.1 Experimental

4.1.1 Preparation of Half-Cell Substrates

Prior to MIEC electrode deposition, platinum grids (5 µm grid width, 10 x 10 µm2

free squares, 100 nm thickness) were prepared by lift-off photolithography and metal
sputtering (BalTec MED 020, Leica Microsystems GmbH, Germany) on both sides
of (100) oriented yttria stabilized zirconia (YSZ, 5 x 5 x 0.5 mm3, 9.5 mol % Y2O3,
Crystec GmbH, Germany) single crystalline substrates. This buried metallic grid
acts as a current collector ensuring homogenous polarization of the MIEC thin film
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[134]. For the substrate used during the LSM deposition, the thickness of the grid
was increased to 300 nm to ensure that only the electrode area within the grid free
regions was electrochemically active. The exact size of the grid-free area was mea-
sured with an optical microscope.

On the back side of the single crystals, a 200 nm thick nano-porous LSC counter
electrode was applied via PLD (9000 pulses, 0.4 mbar p(O2), 450 ◦C, 1.1 J/cm2, 5 Hz,
5 cm target-substrate distance). This leads to electrodes with an exceptionally low
polarization resistance and thus to suitable counter electrodes for the highly active
thin films grown during i-PLD [12, 15]. All PLD depositions were performed with
a KrF (λ = 248 nm) excimer laser (Lambda Physics, COMPex Pro 201). After
the deposition of the counter electrode, the sample was cooled to room temperature
and the edges of the samples were ground to avoid short circuits due to thin film
remnants of Pt or LSC. These samples served as the basis for the subsequent i-PLD
studies, using different dense oxides as model thin films for reaction mechanism
analysis.

4.1.2 In-Situ Impedance Spectroscopy during Pulsed Laser Deposition

The basics of this technique and the setup are described in detail in earlier studies
[10, 11, 13, 129, 135]. In this study a customized heating stage (Huber Scientific,
Austria) for the PLD chamber was employed [135]. The sample is placed directly
on an alumina heater which is brushed with platinum paste. The counter electrode
is contacted directly via this platinum paste. Before MIEC thin film deposition, the
Pt grid on top was contacted with a Pt/Ir needle to ensure that the whole sample
surface was equally polarized. The targets used during the deposition were carefully
ground and preablated for 1 min with 5 Hz and 1 min with 2 Hz. The chamber
was pre-evacuated below 10−4 mbar and the desired oxygen partial pressure during
deposition (0.04 mbar) was adjusted afterwards. The temperature was controlled
by measuring the (ohmic) high frequency offset resistance of the impedance curve,
which is a convolution of the temperature dependent ionic resistance of YSZ, the
resistance of the Pt grid and the wiring resistance of the setup. The setup resistance
was measured to be 1.5 Ω for the temperatures used in this study and the Pt grid
resistance was estimated based on the grid geometry [11]. In combination with the
known temperature dependency of the ionic conductivity of YSZ [109], this method
facilitates a very precise adjustment of the substrate temperature and fluctuations
can be directly observed in the impedance curves.

At the beginning of every experiment, a 40 nm thick LSC layer was deposited onto
the substrate (mixed ionic/electronic conductor with >1000 S/cm electronic con-
ductivity [119]) to ensure sufficient in-plane conductivity for the subsequent layer.
The stoichiometry of all thin films was previously checked with Inductively Coupled
Plasma - Mass Spectroscopy and did not deviate significantly from the intended
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stoichiometry. All working electrode depositions in this study were performed at a
substrate temperature of 600 ◦C and an oxygen partial pressure of 0.04 mbar, a laser
frequency of 2 Hz and a fluence of 1.1 J/cm2. After LSC deposition, the material
of interest was deposited on top and impedance spectra were recorded every 100
pulses which corresponds to a material dependent layer thickness of 1.6 to 5 nm (all
growth rates were determined with reference depositions, which were examined by a
profilometer (DekTakXT, Bruker, USA)). Impedance measurements were performed
with an Alpha-A High Performance Frequency Analyzer and Electrochemical Test
Station POT/GAL 30V/2A setup by Novocontrol Technologies in the frequency
regime from 106 to 10−1 Hz, a resolution of 5 points per decade and an AC RMS
voltage of 10 mV. All depositions were performed at the same conditions and the
deposition was stopped when changes in the polarization resistance of the electrode
after additional 100 pulses became negligible (see Table 3, equilibrium thickness).
The electrode capacitance increases linearly with growing film thickness, indicating
its nature as volume dependent chemical capacitance. In contrast to earlier studies
[11, 13], the thickness dependency of the electrochemical properties was not of inter-
est here. Rather, the p(O2) and T dependency of the polarization resistance of the
surface-limited oxygen exchange reaction for equilibrium thickness was investigated
in detail.

Table 3: Growth rates and equilibrium thickness values for the deposited materials

material growth rate equilibrium thickness

La0.6Sr0.4CoO3−δ 33 pulses/nm 40 nm

La0.6Sr0.4FeO3−δ 71 pulses/nm 20 nm

(La0.6Sr0.4)0.98Pt0.02FeO3−δ 77 pulses/nm 25 nm

SrTi0.3Fe0.7O3−δ 60 pulses/nm 16 nm

Pr0.1Ce0.9O2−δ 18 pulses/nm 80 nm

La0.8Sr0.2MnO3−δ 40 pulses/nm 38 nm

4.2 Results

4.2.1 Growth of different SOFC cathode materials

The initially deposited LSC layer always grew in a columnar way on the YSZ sub-
strate. This morphology was transferred to the actual electrodes, whose surface
structure was checked with AFM. The structure of the polycrystalline thin films
was checked with XRD, however no clear preferential orientation across all thin
films was observed. The surface exchange resistance of the initially deposited LSC
layer was always between 1.2 and 1.9 Ωcm2, a value in good agreement with pre-
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vious in-situ studies on LSC [11, 13]. In the impedance spectra recorded during
LSC deposition, the semicircle assigned to the counter electrode is initially well sep-
arated, which allows the determination of resistance and capacitance of the porous
LSC counter electrode. Those values were then fixed during the analysis of all other
experiments. All materials exhibit a different equilibrium thickness, after which the
surface exchange resistance remains constant during further deposition steps (see
Table 3). Fig. 20 shows the impedance spectra of the different materials upon
reaching this equilibrium resistance.

Figure 20: a) Impedance curves of LSC, LSF, Pt:LSF, STF and LSM after reaching
the equilibrium thickness. Spectra were recorded at 600 ◦C and 0.04 mbar p(O2).
b) structure of a typical sample used during i-PLD measurements.

All impedance spectra of samples with equilibrium film thickness consist of the same
basic impedance features. The ohmic offset corresponds to the ionic conductivity
of the YSZ single crystal, the resistance of the Pt grid and setup impedances. At
very high frequencies (>10 kHz), an inductive contribution from the wiring occurs.
Also at high frequencies (10 kHz > f > 100 Hz), a small feature appears in most
experiments (<0.1 Ωcm2), which is assigned to an interfacial resistance between LSC
and YSZ and a corresponding double layer capacitance [113]. The feature of inter-
est, which corresponds to the oxygen exchange resistance, is observed at frequencies
below ∼100 Hz and is coupled with the sum of the chemical capacitance of 40 nm
LSC and the top material (see supporting information S.I.1). In the case of LSC
and STF (having the lowest resistance), another feature can be detected at the low
frequency end of the impedance curve, which corresponds to the oxygen exchange
resistance and the chemical capacitance of the porous LSC counter electrode. For all
other materials, the surface kinetics of the working electrode is slower and therefore
this feature is not resolvable.

During the deposition of LSM, the surface exchange resistance seems to keep in-
creasing linearly after reaching a critical thickness. However, this corresponds to
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the emerging ionic diffusion resistance across the LSM layer and can be quantified
from the slope of a resistance vs. thickness plot and subtracted to reveal the true
surface exchange resistance of LSM. From the equilibrium resistances of all other
materials it is apparent that they exhibit exceptionally fast oxygen reduction kinet-
ics in their pristine state (in some cases orders of magnitude faster than literature
values [113, 136, 137]), generalizing earlier findings on LSC [10, 13] to other ma-
terials. The fastest kinetics at 600 ◦C and 0.04 mbar p(O2) was observed on LSC
(1.73 Ωcm2) and on STF (1.90 Ωcm2). The reason for the superior activity of pris-
tine electrode materials has been investigated previously, indicating that the oxygen
exchange kinetics experience a severe reduction upon re-heating in any ex-situ setup
due to minimal traces of sulphur in the atmosphere [13, 129]. This effect not only
impairs the activity of electrode materials but also obscures mechanistic analyses of
oxygen exchange on oxide surfaces (see supporting information S.I.2).

4.2.2 p(O2)- and T-dependency of Surface Exchange Rates

After the deposition, the area specific resistance (ASR) of all materials was mea-
sured in the PLD chamber (”in-situ”) at different oxygen partial pressures ranging
from 0.003 mbar to 1000 mbar p(O2). The results are shown in Fig. 21 a). The
superb oxygen exchange activity measured at deposition conditions also remains at
higher oxygen partial pressures, where all materials apart from LSM exhibit area
specific resistance values below 1 Ωcm2 at 1000 mbar and 600 ◦C, with LSC and
STF being the fastest investigated materials with ∼0.2 Ωcm2. This demonstrates
the outstanding catalytic capabilities of the investigated dense layers and shows that
the low resistances at deposition conditions can in principle be transferred to higher
oxygen partial pressures as well [129].

The measurements further revealed that all materials apart from LSM show a very
similar correlation between ASR and p(O2). Below 1 mbar all materials exhibit a
slope of 0.63 ±0.05 and deviate from this slope at oxygen partial pressures higher
than 1 mbar, where a weaker p(O2) dependency is found. The slope in this regime is
hard to determine for all materials except PCO, as the surface exchange resistance
slowly increases with time at high p(O2), indicating beginning surface degradation
(for PCO, the slope changes from 0.68 to 0.27). This degradation is partially re-
versible at low oxygen partial pressure, hence backwards recorded curves contain
inaccuracies at lower p(O2) (more information is presented in S.I.3). As the atmo-
sphere inside the PLD chamber is very clean, we assume, that a large part of these
degradation phenomena at higher pressures is related to Sr migration to the surface
due to intrinsic inequilibria in the crystal lattice (details of segregation mechanisms
have been investigated by Niania et al. [96, 97]), which also explains the slight differ-
ences between the materials, as different segregation dynamics in different materials
can be expected [138]. Fig. 21 b) and c) show different quantities derived from
the ASR, on the one hand, the surface exchange coefficient kq which was calculated
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according to eq. 10 [139] and on the other hand, the surface exchange coefficient
normalized to its value at 1 mbar, kq/kq, 1mbar, which will be used from now on
to compare the different materials (Rsurf denotes the polarization resistance of the
oxygen exchange reaction and cO the concentration of oxygen atoms in the crystal
lattice).

kq =
kBT

4e2RsurfcO
(10)

Figure 21: p(O2) dependency of a) the area specific resistance, b) the surface ex-
change coefficient and c) the surface exchange coefficient, normalized to its value at
1 mbar, of pristine LSC, LSF, Pt:LSF, STF, PCO and LSM thin films at 600 ◦C.
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Additionally, the temperature dependency of the ASR was investigated at 0.003, 1
and 1000 mbar. This yields insight into the effective activation energy of the oxygen
exchange reaction. An exemplary measurement on LSC is shown in Fig. 22. The
effective activation energy increases continuously with rising oxygen partial pressure,
from 0.86 eV at 0.003 mbar up to 1.55 eV at 1000 mbar. The measurement direction
(high T to low T or vice versa) does not yield different results, only at high oxygen
partial pressures, the effective activation energy of the oxygen exchange resistance
contains some uncertainty, as degradation processes are occurring on the timescale
of the measurement, slightly masking the true thermal activation (see the two data
points at ∼ 600 ◦C and 1000 mbar in Fig. 22). However, it is still clear that the
effective activation energy increases considerably between 1 mbar and 1000 mbar.

Figure 22: Temperature dependency of the ASR of LSC at different oxygen partial
pressures. The solid lines represent Arrhenius-type fits and the corresponding acti-
vation energy is denoted next to the fit.

The effective activation energies of all materials are plotted in Fig. 23. This figure
again shows surprising similarities between all materials apart from LSM, whose
activation energy shows a rather weak p(O2) dependency. For all other materials,
the effective activation energy increases from 0.84 ±0.03 eV at 0.003 mbar to 1.55
±0.08 eV at 1000 mbar.
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Figure 23: Activation energies of pristine LSC, LSF, Pt:LSF, STF, PCO and LSM
thin films at different oxygen partial pressures.

4.2.3 Current Density - Overpotential Curves

To extend the investigation to non-equilibrium kinetics, bias voltage was first ap-
plied at 0.1 mbar p(O2) on pristine, uncontaminated LSF thin films inside the PLD
chamber using the i-PLD setup. Whereas in the previous measurements the forward
reaction rate equals the backward reaction rate, the current flows predominantly in
one direction when applying overpotential (cathodic ↔ oxygen incorporation & an-
odic ↔ oxygen evolution). Due to the complexity of the experimental setup, it
was not possible to perform 3-electrode measurements. However, the counter elec-
trode exhibits a much higher chemical capacitance than the working electrode and
at low oxygen partial pressures (0.1 mbar), the two features are well separated in an
impedance measurement with anodic bias voltage (see S.I.4 in the supporting infor-
mation). As the resistance measured in an impedance spectroscopic measurement
represents the differential slope of a current density-overpotential curve, the over-
potential dropping at the working electrode, ηWE can be calculated by integrating
the measured working electrode AC resistance RWE over the DC current measured
in the experiment:

R =
dU

dI
→ ηWE =

∫
RWE dI (11)

To check the validity of this method, the voltage dropping at the working electrode
was calculated directly and indirectly via subtracting the voltage drop in the YSZ
electrolyte and in the counter electrode from the total applied voltage. Both meth-
ods differ by less than 5 %, thereby confirming the consistency of this calculation.

The results of anodic polarization measurements are shown in Fig. 24 a). While

45



the AC resistance of the LSF working electrode, RWE, decreases, the resistance
of the counter electrode RCE increases continuously, possibly indicating the onset
of a transport limitation. Nevertheless, the two well separated features allow the
investigation of the correlation between the resistance of the working electrode and
the overpotential at the working electrode. This overpotential can be translated
into an oxygen chemical potential in the electrode and, via Nernst’s equation, into
an effective oxygen partial pressure or a specific defect chemical situation in the
working electrode material. In a similar partial pressure range where kq shows a
real oxygen partial pressure dependency of ∼0.63, also the current density of the
oxygen evolution reaction plotted vs. the effective p(O2) within the MIEC electrode
in a log-log diagram exhibits a slope of 0.65 (see Fig. 24), indicating consistency
of our analysis (assuming only minor contributions from adsorbates, as these could
affect effective and real p(O2) dependencies differently).

Figure 24: a) Current density and resistance values of LSF working and porous
LSC counter electrode under applied bias voltage at 0.1 mbar p(O2) and 600 ◦C. b)
Current density at the working electrode vs. the effective p(O2) generated by the
bias voltage drop inside of the working electrode, calculated via the Nernst equation
for a true (gas) partial pressure of 0.1 mbar p(O2).
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Nonequilibrium measurements can also be used to elucidate hidden aspects of the
activation energy of the oxygen exchange reaction. Since the defect chemistry of
the investigated materials is strongly temperature dependent (more details in the
discussion), the effective activation energy observed in equilibrium measurements
is actually a convolution of the ”true” reaction barrier and other contributions,
especially from temperature dependent defect concentrations. Therefore, a novel
measurement technique is introduced to unravel this convolution. Measurements
under anodic as well as cathodic bias voltages on LSF thin films were performed at
1 mbar p(O2) and different temperatures and the bias voltage was used to control
the defect concentrations in the material and to fix them to a certain level for dif-
ferent temperatures, to access concentration amended activation energies (see Fig.
25 a).

For measurements under anodic bias, the chemical capacitance Cchem of an LSF thin
film was first measured at 450 ◦C and the oxygen nonstoichiometry corresponding
to this capacitance was calculated assuming a dilute defect model according to the
method described in [13]. In the following, anodic bias voltage was applied to
the LSF thin film, whereby the effective oxygen partial pressure in the material is
increased and the oxygen vacancy concentration is reduced. For 500, 550 and 600
◦C, the exact bias voltage was determined, where the oxygen vacancy concentration,
again calculated from Cchem, equalled the initially measured value at 450 ◦C. The
same procedure was performed for cathodic bias voltages, starting in equilibrium at
600 ◦C. Increasing the applied cathodic bias voltage for lower temperatures leads to
lower effective oxygen partial pressures, more oxygen vacancies and thus a higher
chemical capacitance. The applied voltage was again increased until the desired
oxygen vacancy concentration was reached. With this method, the concentration
dependent term of the effective activation energies of the oxygen incorporation and
evolution reactions could be eliminated (the oxygen vacancy concentration is actively
kept constant, differences in the electron hole concentration are negligible). The
calculated oxygen nonstoichiometry is shown in Fig. 25 b). This yields concentration
amended activation energies of 0.26 eV for the oxygen incorporation reaction and
2.05 eV for the oxygen evolution reaction (see Fig. 25 c), which are both drastically
different from 1.25 eV, the effective activation energy of LSF during equilibrium
measurements at 1 mbar p(O2). To the best of our knowledge, such concentration
amended activation energies have not been deduced so far for the oxygen exchange
reaction on mixed conducting oxides.
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Figure 25: a) Calculated concentrations of oxygen vacancies and electron holes in
LSF between 450 and 600 ◦C. Circles indicate oxygen partial pressures where the
oxygen vacancy concentration is the same at different temperatures, arrows repre-
sent the bias voltage required to achieve this effective oxygen partial pressure for
a measurement atmosphere of 1 mbar p(O2). b) Actual oxygen nonstoichiometry
measured at different temperatures and the bias voltage required to obtain these
values. c) Resulting concentration amended activation energies for the oxygen evo-
lution and the oxygen incorporation reaction.
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4.3 Discussion

4.3.1 General Remarks

The similarities of LSC, LSF, Pt:LSF, STF and PCO strongly suggest, that all
these materials share a similar reaction mechanism in their pristine state. LSM is
known to exchange oxygen primarily either at the triple phase boundary or via grain
boundaries and is expected to behave differently as the other materials [140–142].
This can also be observed during i-PLD. For this reason, LSM will be omitted from
the further discussion. In the following, the key experimental observations and their
implications for the OER mechanism of the investigated materials will be discussed
on the basis of an exemplary mechanism which satisfies all constraints given by the
measurement results:

a) The oxygen exchange kinetics of pristine LSC, LSF, Pt:LSF, STF and PCO
exhibit a very similar qualitative behaviour upon p(O2) and T variations.

b) All materials share a slope of ∼0.63 ± 0.05 of the surface exchange coefficient
kq vs. p(O2) below 1 mbar.

c) The slope of the p(O2) dependency of kq decreases for all investigated materials
above 1 mbar, although to a different extent for different materials.

d) The effective activation energy of oxygen exchange increases significantly with
p(O2) for all materials and its absolute value is similar for all materials (from
0.83 ± 0.03 eV at 0.003 mbar to 1.56 ± 0.10 eV at 1000 mbar).

e) The concentration amended activation energies for oxygen incorporation and
evolution are very different (0.26 vs. 2.05 eV for LSF at 1 mbar) while the cor-
responding effective activation energy amounts to ∼1.25 eV (from equilibrium
measurements).

In any mechanistic discussion, it is essential that all arguments are valid for the com-
plete reaction mechanisms, i.e. forward and backward directions must be considered
in all conclusions drawn from the measurement results. Especially with regard to the
temperature dependency of the reaction rates, the two directions must be considered
separately, as they may have significantly different activation barriers. Moreover,
the defect chemistry of the investigated materials is a major factor in mechanistic
discussions as it is directly related to temperature and partial pressure dependen-
cies of the oxygen exchange reaction rate. Among the materials investigated in this
study, we assume that LSF, Pt:LSF, LSC and STF exhibit many defect chemical
similarities, while PCO is governed by a fundamentally different defect chemistry.
However, even this assumption includes major simplifications, as LSC is often as-
sociated with delocalized electron hole conductivity, while the defect chemistry of
LSF includes electron holes localized on Fe atoms [20, 21, 57]. In the absence of
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an appropriate analytical defect model for LSC, it is treated similar to LSF in this
study. Furthermore, STF is generally viewed as an ideal solid solution of SrTiO3

and SrFeO3 and modelled with a certain amount of so-called structural vacancies,
i.e. a defect model based on thermogravimetric measurements and with only limited
suitability for the discussion of oxygen exchange kinetics [132, 143–145]. The defect
concentrations of LSF and PCO calculated from the respective defect chemical mod-
els with mass action constants from literature are shown in Fig. 26 [25, 34, 37, 43,
44, 146]. For further details on the calculation and the used mass action constants,
please refer to S.I.5 in the Supporting Information.

Figure 26: Calculated defect concentrations of LSF and PCO at 600 ◦C between
10−10 and 1 bar p(O2), calculated from literature data [25, 34, 37].

To further complicate the matter, as the oxygen exchange reaction occurs at the
materials surface, the concentrations of the charge carriers partaking in the reaction
can differ considerably from bulk concentrations, especially with regard to oxygen
vacancies [35, 147–149]. A simplified approach employed due to the lack of quanti-
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tative data on the surface chemistry of perovskites treats the defect chemistry of the
surface as reduced or oxidized with respect to the bulk material, but maintaining
electroneutrality, i.e. a p(O2)-displacement in the Brouwer diagram. With regard to
the quantitative difference between surface and bulk defect chemistry, literature re-
search indicates that the surface of perovskites is predominantly reduced compared
to the bulk material [148, 149], however, a quantification of this difference does not
yet exist, a rough estimate is attempted later on.

4.3.2 Rate Equation and Suggested Mechanism

To compare the experimental results with predictions from defect chemical consid-
erations, reaction rates must be correlated with defect concentrations. According to
Schmid et al. [26], the reaction rates of oxygen incorporation or oxygen evolution
can often be expressed as

r = r0 · p(O2)
νp
∏
i

[i]νie
βeχ0
kT e

βe∆χ
kT , (12)

where r stands for the overall reaction rate, r0 is a prefactor including the reac-
tion barrier as well as mass action constants from other reaction steps, p(O2) is the
oxygen partial pressure and [i] is the concentration of defect i. νp and νi describe
the respective reaction orders of p(O2) and defect i which depend on the reaction
mechanism and the considered reaction direction. Please note that the p(O2) term
represents the partaking oxygen species still in equilibrium with the gas phase, i.e.
either adsorbates or even gas molecules. The corresponding exponent νp is thus
generally 0 for the oxygen evolution reaction and 1 or 1/2 for molecular or atomic
adsorbates for oxygen reduction, respectively (in dilute cases). The exponential
terms describe the effect of the equilibrium surface potential χ0 and its variation
under electric current, ∆χ, where β is a factor depending on the reaction mecha-
nism and e, k and T represent the elemental charge, the Boltzmann constant and
the temperature, respectively. Depending on the mechanism, also more complicated
concentration dependencies are possible, which cannot be expressed in terms of sim-
ple power laws, particularly for non-dilute situations.

When studying eq. 12 in more detail, it becomes apparent that temperature and
oxygen partial pressure can affect the reaction rate in various ways. The oxygen
partial pressure on the one hand directly affects the adsorbate concentration on
the surface (p(O2)

νp) and on the other hand, defect concentrations themselves are
strongly p(O2) dependent, as has already been shown above. Any p(O2) depen-
dency of the surface potential and its variation under current is neglected in this
discussion, as well as any dependency on overpotential (∆χ=0). The temperature
dependency of the reaction rate is tied to the exponential terms correlated to the
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surface potential, to the activation barrier of the reaction, to mass action equilibria
and to the defect concentrations themselves, which also change with temperature
according to the materials defect chemistry. The convolute of all these contributions
is observed when an effective activation energy is measured in equilibrium conditions.

A first general conclusion concerning the mechanism can already be drawn from the
experimentally observed slope of the reaction rate in the oxygen partial pressure
regime below 1 mbar p(O2) (∼0.63). For atomic adsorbates (without site restric-
tion), the slope of the reaction rate cannot exceed 0.5 for any reasonable mechanism
(see S.I.6), as the concentrations of all potentially included defects are either con-
stant or lower the slope (e.g. for the 1/4 regime of electron holes - Fig. 26). We
take this as a strong indication that molecular oxygen is involved in the reaction,
i.e. νp = 1. However, the measured slope is also significantly less than 1. This
requires some defect species to take part in the reaction, with their concentration
reducing the slope of the reaction rate with regard to oxygen partial pressure. At
lower oxygen partial pressures this can be caused by a contributions from electronic
defects and from oxygen vacancies, whose concentration begins to decrease. At
higher oxygen partial pressures, on the other hand, the experimentally observed re-
action rate exhibits a strongly suppressed p(O2) dependency. Considering e.g. the
Brouwer diagram of LSF (Fig. 26), one possible explanation for this behaviour is the
partaking of oxygen vacancies in the reaction, as their concentration drops sharply
with a slope of up to 0.5 at higher oxygen partial pressures. Also, an adsorbate
coverage deviation from Langmuir behaviour could contribute to a decrease of the
p(O2) dependency.

In the following, we first suggest a mechanism and then discuss how it explains the
main features of our measurements. Naturally, this does not ultimately prove its
validity, since also alternative mechanisms may explain the results. However, we
believe that several key features of this mechanism are relevant for our materials.

The exemplary mechanism (see Fig. 27) to evaluate the i-PLD results in consid-
eration of the previously discussed model consists of the following steps for the
incorporation direction: i) adsorption of molecular oxygen in a surface vacancy; ii)
first electron transfer to the adsorbed oxygen molecule; iii) second electron transfer
and dissociation of the adsorbed molecule; iv) transfer of the remaining adatom into
a second surface vacancy with concomitant ionization; v) final electron transfer and
incorporation into the host lattice. The electron transfer processes in this mechanism
do not mean that the charge is transferred across the interface (= surface); rather
it is transferred within the surface layer. Then, the β factor in eq. 12 becomes zero.
The adsorption step could potentially also be split into a surface adsorption and
subsequent transfer into a surface vacancy, ia) + ib). This step would also include
surface diffusion and vacancy migration.
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As long as plenty of oxygen vacancies are available (low p(O2)), assuming dissocia-
tion as rate determining step seems reasonable (step iii). As with increasing p(O2)
the oxygen vacancy concentration drops considerably, we suspect that at higher oxy-
gen partial pressures the rate limitation is correlated with the reduced availability
of surface vacancies. Thus, the rate limiting steps of the reaction are step iii) at
low p(O2) (< 1 mbar) and step iv) at higher p(O2). Depending on the defect chem-
istry of the material, charge transfer steps can include electrons or electron holes as
essential species. For LSC, LSF, Pt:LSF and STF, electron holes are assumed to
partake in charge transfer steps. In LSF, for example, an electron transfer to oxygen
would turn an Fe3+ into an Fe4+ ion, thereby creating a polaronic hole. For PCO,
electrons (Pr′Ce) are supposed to be the relevant charge carriers.

Figure 27: Visualization of an exemplary oxygen exchange mechanism with electron
holes partaking in the charge transfer reactions. The rate limiting steps at low and
high oxygen partial pressures are indicated accordingly.

Written as a series of chemical reactions with the according mass action laws, this
mechanism reads for holes being involved:

i) O2 + V··O O··2O Ki = Ki,0 e
−∆Hi
kT =

[O··
2 O]

p(O2)[V ··
O ]

ii) O··2O O·2O + h· Kii = Kii,0 e
−∆Hii
kT =

[O·
2 O][Me·Me]

[O··
2 O][MexMe]

iii) O·2O Ox
O + Oads + h· Kiii = Kiii,0 e

−∆Hiii
kT =

[OxO][Oads][Me·Me]

[O·
2 O][MexMe]

iv) Oads + V··O O·O + h· Kiv = Kiv,0 e
−∆Hiv
kT =

[O·
O][Me·Me]

[Oads][V
··
O ][MexMe]

v) O·O Ox
O + h· Kv = Kv,0 e

−∆Hv
kT =

[OxO][Me·Me]

[O·
O][MexMe]
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K and ∆H denote the corresponding mass action constant and reaction enthalpy.
To predict the according reaction rates from defect chemical calculations, it is nec-
essary to correlate the reaction rate to defect concentrations, as discussed above.
This leads to the following rate equations and concentration amended activation
energies for the two rate limiting steps, which are used to predict the reaction rate
from defect concentrations:

RDS at low p(O2) - step iii):

⇀
r = KiKii

⇀

kiii p(O2)[V
··
O ][MexMe]

2[Me·Me]
−1 (13)

⇀

Econc.am.
a = ∆Hi + ∆Hii +

⇀

Ekin
a,iii (14)

↼
r = K−1v K−1iv

↼

kiii [V
··
O ]−1[MexMe]

−2[Me·Me]
3 (15)

↼

Econc.am.
a = −∆Hiv −∆Hv +

↼

Ekin
a,iii (16)

RDS at high p(O2) - step iv):

⇀
r = KiKiiKiii

⇀

kiv p(O2)[V
··
O ]2[MexMe]

3[Me·Me]
−2 (17)

⇀

Econc.am.
a = ∆Hi + ∆Hii + ∆Hiii +

⇀

Ekin
a,iv (18)

↼
r = K−1v

↼

kiv [MexMe]
−1[Me·Me]

2 (19)

↼

Econc.am.
a = −∆Hv +

↼

Ekin
a,iv (20)

In these rate equations, all relevant mass action constants with their respective
temperature dependencies are included, as well as a rate constant k including the
chemical activation barrier of the rate determining step Ekin

a . Moreover the rate
equations consider the oxygen partial pressure and the fundamental defect concen-
trations. This also further clarifies the difference between the chemical activation
barrier Ekin

a , the concentration amended activation energy Econc.am.
a =

∑
∆H+Ekin

a

and the effective activation energy which also includes all defect concentration re-
lated temperature dependencies. Terms related to the surface potential are omitted,
as β amounts to 0 as discussed above.
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4.3.3 p(O2)-dependent Reaction Rates

Combining the calculated defect concentrations of the respective materials defect
model with the rate model described above, it is possible to predict the p(O2) de-
pendency of the measured reaction rates. Fig. 28 shows the calculated reaction rates
of LSF for both of the aforementioned rate determining steps. The reaction rate at
low oxygen partial pressures is well estimated with RDS iii) while at high p(O2) this
rate determining step severely overestimates the reaction rate. Conversely, RDS iv)
achieves a better fit at higher oxygen partial pressures, slightly underestimating the
experimental values, while it yields a poor representation at lower p(O2). The pos-
sibility of a reduced surface, as discussed above, can be included in the calculations
by applying a shift in the Brouwer diagram to lower oxygen partial pressures. This
has a minor effect on the reaction rate of RDS iii) and a significant impact on RDS
iv). The best fit of the experimental reaction rates was achieved with a chemical
potential shift of 175 meV for e− and h·, corresponding to a partial pressure shift of
the surface defect chemistry by two orders of magnitude. The specific slope of ∼0.63
at low p(O2) is thus essentially the consequence of νp = 1 in eq. 13, the decreasing
electron hole concentration with increasing p(O2) (νh at most -0.25) and the onset
of the decreasing oxygen vacancy concentration. The smaller p(O2) dependency at
higher p(O2) is a counterbalancing of νp = 1 for gas molecules or O2 adsorbates and
νV = 2 with [V ··O ] ∝ p(O2)

−0.5 at most.

Figure 28: Predicted oxygen surface exchange coefficients of LSF for both rate
limiting steps iii) and iv) as well as for each rate limiting step with a reduced
surface, achieved by a shift in the Brouwer diagram of 175 meV. Symbols represent
experimental values for an LSF thin film.

This analysis indicates, that a mechanism with only one unique rate determining
step cannot explain the experimentally observed reaction rates and that the defect
chemical predictions of the chosen mechanism with the transition between the two
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rate determining steps and a slightly reduced surface achieve a good agreement
with the experimental data. Extending this analysis to PCO, where a different
defect model needs to be considered, shows that also here this interpretation of
the experiments agrees very well with the experimental results. Interestingly, also
the observed reaction rates of the other perovskite materials fit very well to the
calculated reaction rate of LSF (see Fig. 29). We take this as a strong indication
that all materials indeed share a common reaction mechanism and that the p(O2)
dependencies of defect concentrations share surprising similarities (especially with
regard to the position of the transition towards lower oxygen vacancy concentrations
in the Brouwer diagram). In conclusion, we believe that the proposed mechanism
is well suited to reflect the key aspects of the oxygen surface exchange on these
materials.

Figure 29: Oxygen surface exchange coefficients on perovskite materials (a) and on
PCO (b) from equilibrium measurements plotted together with the prediction from
defect chemical calculations.

The discussion so far is further reinforced by the performed polarization experiments.
During measurements far from equilibrium, only one reaction direction governs the
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reaction. In the case of measurements under cathodic polarization, this is the oxygen
incorporation, for anodic polarization, it is the oxygen evolution reaction. In our
model, the reaction rate is only affected by bias induced changes of the defect con-
centrations of the material [150]. The good agreement between the slopes measured
during equilibrium experiments and anodic polarization experiments (see Fig. 24)
further confirms the results, as for the oxygen evolution reaction, the slopes of ex-
periments with real p(O2) changes and of experiments with effective p(O2) variation
induced by bias voltage should coincide.

4.3.4 Activation Energies

The activation energy of the surface exchange reaction requires a more sensible
treatment and is a widely discussed issue in literature concerned with oxygen ex-
change mechanisms. Referring to the discussion above, a key aspect has already
been pointed out, namely that multiple factors affect the temperature dependency
of the reaction rate, e.g. mass action equilibria, the reaction barrier Ekin

a , the sur-
face potential (if β 6= 0) and defect concentrations (cf. eqs. 13-20). Solely based
on equilibrium measurements of the temperature dependency of the reaction rate,
where only the effective activation energy is measured, it is therefore generally not
possible to isolate a true reaction barrier from other contributions to an effectively
measured Arrhenius dependency. Moreover, it is very helpful to consider both reac-
tion directions. While the effective activation energy in equilibrium conditions must
be the same for both reaction directions, individual contributions to this activation
energy like the reaction barrier Ekin

a or defect chemical contributions can be (and
are expected to be) drastically different for the two directions.

To give a first estimate for the impact of the defect chemical contributions, the tem-
perature dependency of defect concentrations was calculated for LSF and a purely
defect concentration related activation energy was calculated for exemplary rate de-
termining steps (see S.I.7). This evaluation shows that for the oxygen incorporation
direction, this contribution is positive (between 0.5 and 2 eV) and increases contin-
uously over a wide p(O2) window. For the oxygen evolution reaction, this defect
concentration related activation energy also increases with p(O2), however, it is al-
ways negative (between 0 and -1.5 eV). This analysis illustrates how essential it is
to consider the materials defect chemistry when discussing activation energies.

The concentration amended activation energies observed in bias experiments are iso-
lated from defect chemical contributions and only include the actual reaction barrier
of the rate determining step Ekin

a and reaction enthalpies in the prefactor ∆H (see
eq. 13-20). While the large difference between the concentration amended activa-
tion energies of the two reaction directions (0.26 eV for oxygen incorporation and
2.05 eV for oxygen evolution) may seem surprising at first, such a difference could
have already been suspected due to the vastly different defect chemical contributions
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of the two reaction directions.

Apart from general statements about the activation energies of the oxygen exchange
reaction, a more detailed evaluation of the experimental results also yields further
information in the present mechanistic discussion. Owing to experimental reasons,
the determination of concentration amended activation energies is limited to a very
small oxygen partial pressure range and the values determined refer to 1 mbar where
we have a mixed regime of two rate limiting steps. Activation energies for both rate
limiting steps of the proposed mechanism and both reaction directions at 1 mbar
were calculated. The activation energies of the defect concentrations in eq. 13, 17,
15 and 19 from the defect chemical model were calculated (as shown in S.I.7) and
the arithmetic mean for the two rate determining steps was added to the concen-
tration amended activation energies of oxygen incorporation and oxygen evolution,
again assuming a reduced surface (corresponding to a chemical potential shift of
175 meV). This analysis yields an effective activation energy of 1.44 eV for the
incorporation reaction at 1 mbar and 1.29 eV for the oxygen evolution reaction,
both being in rather good agreement with the effective activation energy of 1.26 eV
measured during equilibrium measurements, thus strongly supporting all previous
conclusions and the choice of the proposed mechanism. Accordingly, the effective
activation energy of the oxygen incorporation direction mainly consists of the large
activation energy contribution of oxygen vacancies. Importantly, it rules out any
mechanisms including no oxygen vacancies before or in the rate determining step in
the incorporation direction at these oxygen partial pressures. It also becomes clear
that, while this analysis brings us a significant step towards the true energetic barrier
of the rate determining reaction steps, the concentration amended activation ener-
gies still contains further enthalpic contributions which cannot be isolated from Ekin

a .

To further understand the origin of the measured activation energies, it is helpful
to view these results in the context of the specific reaction steps (Fig. 29). At high
oxygen partial pressures, the rate limiting step is the incorporation of an oxygen
adatom into an oxygen vacancy with a concomitant ionization or the release from
said vacancy in the backwards reaction direction (reaction rates given by eqs. 17
and 19 respectively). The much higher concentration amended activation energy
measured in the oxygen evolution direction agrees with chemical intuition, as the
oxygen atom needs to break its bonds to the surrounding surface atoms and proceed
to an energetically less favourable adsorbed state on the surface (-∆Hiv and thus also
↼

Ekin
a,iv are large). While at low oxygen partial pressures the actual kinetic reaction

barrier
↼

Ekin
a,iii might not be as high, one must also consider the species concentrations

during the previous reaction steps. For this reason, also here, the oxygen evolution
reaction will exhibit a much larger total activation energy, as the species before the
rate limiting step will only be available in low concentration (∆Hiv is still large).
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4.3.5 Differences & Similarities of the Investigated Materials

Apart from discussing mechanistic similarities of the oxygen exchange reaction on
SOFC cathode surfaces, the experimental results also encourage to discuss the quan-
titative differences between the reaction rates of the various investigated materials.
While it is not possible to unambiguously identify their origin, we will point out
some possibilities which could account for the observed differences. For the rate
limiting steps considered in this study, several factors affect the total rate of the
oxygen exchange. A significant material dependency is expected particularly for
adsorption thermodynamics (Ki), the availability of oxygen surface vacancies and

the ease of charge transfer to the adsorbed oxygen (Kii and
⇀

kiii). All of these may
cause differences between the materials. For PCO, a combination of different oxy-
gen vacancy concentrations and lower electron transfer rates might contribute to the
lower reaction rate. For STF, it was already mentioned above, that the defect model
is based on an ideal solid solution and structural vacancies are used to model the
defect chemistry. Although this complicates any predictions of reaction rates, we
expect that the relevant oxygen vacancy concentration could be substantially higher
than in LSF which might increase the reaction rate. For Pt:LSF, the Pt doping pos-
sibly also increases the oxygen vacancy concentration leading to increased reaction
rates (Pt was determined to be present as Pt4+, more details about the properties of
Pt:LSF are presented in a separate paper). However, it is again worth mentioning
that the qualitative behaviour is astonishingly similar and as discussed before, indi-
cates not only a similar reaction mechanism but also that the defect chemistry of all
investigated materials exhibits similar changes in the observed p(O2) range. Other
factors affecting the absolute reaction rate could originate from the charge transfer
steps which may work differently in the specific materials (different transition metal
cations or lattice oxygen may play an important role in the formation of ionized
oxygen molecules on the surface [151]) and, additionally, the surface chemistry of
the materials is expected to differ from bulk defect concentrations, adding another
layer of complexity (also different surface reconstructions could play a role, as they
may stabilize different surface chemistries) [152, 153]. To further elucidate the last
aspect, detailed studies of the surface chemistry of the investigated materials are
required.

4.4 Conclusions

The oxygen surface exchange rate on pristine, uncontaminated, dense LSC, LSF,
Pt:LSF, STF, PCO and LSM thin films was determined with in situ impedance spec-
troscopy during pulsed laser deposition (i-PLD) in a p(O2) range between 0.003 mbar
and 1000 mbar and a temperature range from 500 to 600 ◦C. As a first result, very low
polarization resistances (∼0.2 Ωcm2 for LSC and STF) were observed at 1000 mbar
p(O2). Second, all materials except LSM show a very similar p(O2) dependency of
the reaction rate, indicating a similar oxygen exchange mechanism on the different
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materials. All materials exhibit a similar slope of around 0.63 below 1 mbar and a
weaker p(O2) dependency above 1 mbar. This flattening is a convolution of slight
degradation effects and a real p(O2) dependency of the oxygen surface exchange rate.
Furthermore, the activation energy of the surface exchange resistance was measured
at different oxygen partial pressures, revealing a continuous increase of the activa-
tion energy with rising p(O2). To extend the investigation to non-equilibrium con-
ditions, polarization experiments were performed on pristine LSF thin films. These
measurements revealed a 0.65 slope of the anodic current density vs. the effective
p(O2) induced by the overpotential, being in excellent agreement with equilibrium
measurements. Moreover, it was possible to eliminate concentration related contri-
butions to the effective activation energies of oxygen incorporation and evolution
at 1 mbar by controlling the materials defect chemistry at different temperatures
via the application of appropriate bias voltages. This revealed significantly different
concentration amended activation energies for the oxygen incorporation and oxygen
evolution reaction on LSF (0.26 vs. 2.05 eV). The results of these measurements
pose a set of constraints on the mechanism of the oxygen exchange reaction and a
mechanism is proposed which satisfies these constraints and, in combination with
defect chemical predictions, is in excellent agreement with all experimental results.
The rate limiting steps of this mechanism are the dissociation of an oxygen molecule
adsorbed in an oxygen vacancy at low p(O2) and the incorporation of the resulting
oxygen adatom in a second oxygen vacancy at higher p(O2). It became clear that
the p(O2) dependency of the reaction rate (e.g. 0.63 slope at low p(O2)) is caused
by a combination of molecular adsorbates in a vacancy and p(O2) dependent defect
concentrations. Also, activation energies are shown to be a convolute of numerous
thermodynamic and kinetic contributions and are strongly affected by the temper-
ature dependency of defect concentrations. Even concentration amended activation
energies are not straight-forward to explain, although the very high value for the
oxygen evolution reaction (2.05 eV) may particularly arise from the barrier for an
oxygen atom leaving the lattice. The results of this study strongly emphasize that
any discussion of reaction mechanisms of the oxygen surface exchange reaction re-
quires detailed information on the defect chemistry of the investigated materials,
especially with regard to their surfaces.
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5 Surface Chemistry and Degradation Processes

of dense La0.6Sr0.4CoO3−δ Thin Film Electrodes

This chapter contains in large parts material in preparation for publication in the
Journal of the Electrochemical Society: Siebenhofer, M., Haselmann U., Nenning
A., Friedbacher G., Bumberger A., Wurster S., Artner W., Zhang Z., Fleig, J.,
& Kubicek, M. (2021). Surface Chemistry and Degradation Processes of dense
La0.6Sr0.4CoO3−δ Thin Film Electrodes.

Changes of the surface morphology and the surface chemistry of dense LSC thin
films grown on different substrates under operation conditions were tracked for 100
hours. Atomic force microscopy was used to monitor the formation of particles on
the LSC surface. Depending on the thin film structure (polycrystalline vs. epitax-
ial), different particle formation dynamics were observed. Electron microscopy was
employed to investigate the chemistry of the segregated particles, and revealed that
the particles were Sr- and S-rich. Secondary ion mass spectrometry and X-ray pho-
toelectron spectroscopy measurements were performed on degraded LSC thin films
which also found significant amounts of sulphur on the LSC surface as well as Sr en-
richment in near-surface regions. 18O tracer exchange measurements were employed
to assess the oxygen surface exchange kinetics on LSC thin films with different sur-
face morphologies and, surprisingly, all thin films exhibited similar surface exchange
coefficients, indicating that the surface morphology as well as the film structure do
not have a significant effect on the catalytic capabilities of degraded LSC surfaces.
The results indicate that sulphur adsorption on LSC surfaces is omnipresent and
even trace amounts of SO2 and H2S present in nominally pure measurement gases
(5.0 purity) can account for a significant performance loss and even for particle
formation on the surface under operating conditions.

5.1 Methods

5.1.1 Sample Preparation

Yttria stabilized zirconia (YSZ, 9,5 mol% Y2O3), SrTiO3 (STO), LaAlO3 and
(LaAlO3)0.3(Sr2AlTaO6)0.7 (LSAT) single crystals were used as substrates in this
study (all 10 x 10 x 0.5 mm3). All were purchased from Crystec GmbH (Germany).
Before deposition, all substrates were cleaned and annealed to ensure optimal growth
and surfaces being as flat as possible. For this purpose, all substrates were exposed
to the following cleaning routine: the crystals were cleaned in an ultrasonic bath in
ethanol for 30 min, followed by two sequences of cleaning in distilled water and a
3 % solution of Extran MA 02 (Merck, United States) for 30 min each. All steps
were performed at 60 ◦C and a separate flask was used for each crystal. Afterwards,
crystals were treated using specific annealing conditions which are listed in table 4:
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Table 4: Annealing conditions for different single crystal substrates.

substrate annealing time temperature atmosphere

YSZ 6 h 1350 ◦C air

STO 8 h 1000 ◦C air

LAO 12 h 650 ◦C Ar

LSAT 12h 800 ◦C Ar

After the annealing steps, all substrates were cleaned one more time in an ultrasonic
bath filled with distilled water at 60 ◦C for 15 minutes.

Dense La0.6Sr0.4CoO3−δ (LSC) thin films were deposited on the single crystal sub-
strates using PLD. All depositions were performed with a KrF excimer laser (λ = 248
nm, Lambda Physics, COMPex Pro 201) at a laser fluence of 1.1 J/cm2. 2000 laser
pulses were shot at a frequency of 2 Hz and a target-substrate distance of 6 cm. The
deposition atmosphere was set to 0.04 mbar p(O2) and the substrate was heated to
a temperature of 600 ◦C, measured with a pyrometer (Heitronics). After deposition,
the sample was cooled to room temperature at a cooling rate of 12 ◦C/min. For the
determination of the LSC growth rate, a separate sample with 20 ZrO2 slurry dots
on the surface was prepared, which were removed after deposition. The depth of
these holes was measured with a profilometer (DekTakXT, Bruker, USA) and the
resulting growth rate of LSC amounted to 0.028 ± 0.0018 nm per pulse.

Polycrystalline LSC pellets were synthesized from powders via a Pecchini routine
[108]. La2O3, SrCO3 powders and Co granules (Sigma Aldrich, 99.995 %) were
weighed according to the LSC 64 stoichiometry, dissolved separately in nitric acid
(Aldrich, 70 %, purified by redestillation, 99.999 %), diluted with distilled water and
mixed in a quartz beaker. 1.1 mol citric acid (Aldrich, 99.9998 %) was added for
every mol of cations to promote chelation. After initial evaporation during heating
on a hotplate, the developing viscous foam self-ignited upon further heating. The
resulting powder was calcined at 1000 ◦C in air and pressed to a pellet by cold iso-
static pressing at 300-310 MPa. This pellet was sintered in air for 12 h at 1200 ◦C
and cut into 300 µm disks using a Secotom-10 precision cutting machine (Struers,
Denmark) which were then polished with a TegraPol-31 polishing machine (Struers).
The resulting disks were cleaned in an ultrasonic bath and dried overnight at 120 ◦C.

All samples were scratched with a diamond tip to mark the areas to be measured
with AFM. One AFM series was measured before any annealing step to find suitable
and retrievable areas. The corresponding optical microscope image was recorded to
ensure reproducible alignment of the AFM tip.
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Annealing was performed inside of a quartz tube with synthetic air (5.0, Messer Aus-
tria) bubbling through which was introduced into a tube furnace. The measurement
gas was previously tested on trace amounts of sulphur and contained 0.477 ppmvol

of sulphur compounds (this analysis will be published in a separate publication,
currently submitted in Advanced Energy Materials).

5.1.2 Sample Characterization

Samples with thin films were examined by different X-ray diffraction (XRD) tech-
niques. All measurements were performed in an Empyrean X-Ray diffractometer
equipped with a GaliPIX3D detector (both Malvern Panalytical Ltd.), except for
grazing incidence measurements, where a PIXcel3D detector was used (Malvern Pan-
alytical Ltd.). θ-2θ scans were performed on all samples, including a polycrystalline
pellet. A grazing incidence scan was performed on LSC deposited on YSZ, as it can
not grow epitaxially due to a severe lattice mismatch. On all other LSC thin films,
reciprocal space maps were recorded in addition to θ-2θ scans. The full size of the
semiconductor detector was used in static area mode and ω was varied from 16 to
24◦. Measurement times amounted to 60 min for each measurement. The grazing
incidence diffractogram was analyzed with Panalytical Highscore [154].

Atomic force microscopy (AFM) was performed in tapping mode with a Nanoscope
V multimode setup (Bruker). AFM images were analysed with the open source vi-
sualization software Gwyddion (Czech Metrology Institute).

The analytical scanning electron microscopy (SEM) on the surface segregates was
conducted with a Leo-1525 field emission scanning electron microscope (Zeiss, Ger-
many) equipped with a Schottky emitter and using an Everhart-Thornley detector
for the secondary electron (SE) images and an energy dispersive X-ray (EDX) de-
tector (Bruker, USA). For the acceleration, a voltage of 4 kV was chosen to be as
surface sensitive as possible, while still being able to use the characteristic X-rays
of the contained elements. Using an aperture size of 120 µm and the high cur-
rent mode resulted in receiving a high signal to noise ratio while still maintaining a
reasonable resolution. The Monte-Carlo electron path simulations were done with
Casino 2.481–3 using the trajectories of 104 electrons.

Secondary Ion Mass Spectroscopy (SIMS) measurements were performed on a ToF-
SIMS 5 instrument (ION-TOF GmbH). For the investigation of secondary ions,
25 kV Bi+ primary ions were used, for depth profiling either Cs+ ions or O+

2 ions
were used for the measurement of negative and positive secondary ions, respectively.
In sputter craters of an area of 300 x 300 µm2, areas of 100 x 100 µm2 were examined
with regard to secondary ion mass and intensities. All relevant isotopes and clusters
were analyzed simultaneously.
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For 18O tracer exchange measurements, LSC thin films on the different substrates
were simultaneously placed in a quartz tube and heated to 400 ◦C in pure oxygen
atmosphere. The temperature was measured with a type S thermocouple placed in
direct vicinity to the samples. Then the samples were quenched to room tempera-
ture and the quartz tube was evacuated and filled with tracer oxygen (97.1 % 18O
isotope enriched, Campro Scientific). Subsequently the quartz tube was reheated
and the samples were annealed at 400 ◦C for 1 h. After annealing the samples were
again quenched to room temperature.

XPS measurements were carried out at room temperature in a UHV chamber by
SPECS, Germany, using a monochromated Al K-alpha source (XRC-125 MF, SPECS)
operated at 80 W, and an angle resolved photoelectron analyser (SPECS PHOIBOS
WAL), collecting photoelectrons at emission angles from 20-80 degrees from the
surface normal. Survey spectra were recorded at 100 eV analyser pass energy, and
detailed spectra for peak fitting were recorded at 50 eV pass energy.

Directly before insertion into the chamber, the samples were mounted on the XPS
sample holder and heated up to 400°C in air for 5 minutes, in order to minimize the
amount of surface carbon. At this temperature, the surface cation stoichiometry is
not altered [86].

In order to minimize quantification errors due to different photoelectron energies of
the different XPS peaks, chemical quantification was focused on Sr3d, La4d, S2p,
Pt4f and Co3p photoelectrons, which lie between 1330 and 1420 eV photoelectron
energy. The photoelectron IMFP of these is about 2 nm [155]. Peak fitting and
quantification was carried out with CasaXPS software, using S-shaped “Shirley”
background functions, and compositional analysis was based on the peak areas and
Scofield cross sections [156]. Mixed Gaussian-Lorentzian peak shapes were used for
fitting the different chemical components. The Sr3d3/2 and Sr3d5/2 multiplet peaks
were constrained to an energy difference of 1.7 eV, an area ratio of 2:3, and equal
FWHM.

5.2 Results

5.2.1 Sample Characterization

Before any films were deposited on the single crystals, the surfaces of the substrates
were examined with atomic force microscopy. Overview scans of 1 µm2 areas and
linear scans depicting terrace steps are shown in Fig. 31. On all four different
substrates atomic terraces can be observed. On the YSZ single crystal, the terraces
are straight and well defined and the steps are equal to or slightly higher than a
single unit cell. On STO, the steps exhibit more complicated shapes and are between
one and three unit cells high. On LAO and LSAT, the steps are not well-defined but
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frayed and also correspond to one unit cell high terraces. For the special case of LAO,
the irreversible formation of mounds was observed for annealing temperatures higher
than 650 ◦C. These exsolutions are of unknown origin and could not be removed by
ultrasonic cleaning in distilled water nor in ethanol. Generally the surface roughness
of the cleaned and annealed substrates was very low, RSM roughness values of the
different substrates are shown in Fig. 30.

Figure 30: RSM roughness values of all substrates and pristine thin films as well as
lateral strain states of all thin films.

After the LSC thin films were deposited on the substrates, XRD measurements were
performed on all samples to analyze the strain of the thin films. The results of these
measurements together with 1 µm2 AFM scans are shown in Fig. 32. A summary of
the strain states of the thin films on the different substrates is shown in Fig. 30. For
the (theoretically unstrained) LSC thin film grown on YSZ and for polycrystalline
LSC, X-ray diffraction yields a pseudocubic lattice parameter of 3.815 and 3.820 Å
respectively (the difference is possibly caused by different cooling dynamics for thin
films and bulk samples). At this point it is noteworthy that the θ-2θ scan of poly-
crystalline LSC indicates that the lattice is not exactly cubic but rhombohedral. For
STO, LAO and LSAT, reciprocal space maps (RSMs) showed that the in-plane lat-
tice parameter of the substrate was imposed onto the thin film, clearly visible as the
reflexes of substrate and film are aligned with regard to qx. The out-of-plane lattice
parameter varies conversely to the in-plane strain. This yields differently strained
LSC thin films: LSC deposited on STO exhibits an in-plane lattice parameter of
3.900 Å and a lateral tensile strain of 2.1 %, LSC deposited on LSAT exhibits an
in-plane lattice parameter of 3.855 Å and therefore a smaller tensile strain of 1 %
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and LSC deposited on LAO exhibits an in-plane lattice parameter of 3.795 Å and
a lateral compressive strain of -0.6 %.

AFM scans of all thin films show that their surface is always granular, indicating
that LSC grows in a columnar fashion on all substrates, leading to a columnar
polycrystalline film on YSZ and to columnar epitaxial films on the other substrates.
The polycrystalline LSC pellet shows large grains with a rough surface as well as
some holes in the sample. Scratches on the surface originate from the polishing
procedure. The RMS roughness values of the samples are also depicted in Fig. 30,
showing that of all thin films, YSZ exhibits the roughest surface, followed by LAO,
LSAT and STO. LSC on YSZ also shows the largest mean grain size of 24 nm,
followed by LSC on STO with 20 nm, LSC on LSAT with 19 nm and LSC on LAO
with 18 nm.
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Figure 31: AFM images of the cleaned YSZ, STO, LAO and LSAT single crystal
surfaces before deposition.
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Figure 32: θ-2θ, GID and AFM measurements of LSC on YSZ; θ-2θ, RSM and
AFM measurements of LSC on STO, LAO and LSAT; θ-2θ and AFM scans of
polycrystalline LSC.
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5.2.2 Surface Morphology of LSC Thin Films

Evolution of Segregates

To trace the evolution of the LSC surface morphology during degradation, it is
necessary to reproducibly investigate the same area on a sample, as preliminary
experiments indicated that segregation processes may vary across the sample sur-
face. For this purpose, marks were applied on the sample surfaces with a diamond
stylus. The regions around these marks were subsequently photographed through
a microscope and a significant location was determined for each sample. All AFM
measurements on a sample were performed in a 10x10 µm2 area adjacent to the
determined location. It is noteworthy that on pristine samples, no particles could
be observed. Therefore, any Sr segregation happening during deposition or during
cooling after the deposition seems to be happening on sub-nm level without particle
formation. This does however not exclude Sr enrichment at the topmost surface, as
was found by Kubicek and Cai [14, 85].

To investigate particle formations, AFM measurements were performed after differ-
ent annealing steps. First, all samples were heated to 450 ◦C and cooled immediately
upon reaching that temperature. AFM studies of these samples showed that the only
sample undergoing noticeable changes was the STO sample, where many small round
particles were found, indicating that Sr segregation on the LSC/STO system starts
at surprisingly low temperatures. This is especially interesting with regard to the
strain state of LSC on STO, which exhibits the strongest tensile strain. This is in
accordance with literature reports which also find that tensile strain facilitates Sr
segregation [92, 157]. The LSC surface on all other substrates was not affected by
this first heating step.

Next, the samples were heated to 600 ◦C and cooled immediately afterwards. As a
result, particles were observed on all surfaces. Again, the highest particle density
was present on STO, followed by YSZ, LSAT and LAO. It is noteworthy, that on
STO, the particle density decreased significantly in the vicinity of surface cracks.
With regard to the morphology of the segregates, there are no significant differences
between the specific substrates at this point, all segregates look ball shaped and are
of similar height (∼ 5-10 nm).
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Figure 33: LSC surfaces on different substrates after annealing in synthetic air at
600 ◦C for 1 hour and 30 hours.

First significant differences appear after 3 h annealing time at 600 ◦C (see Fig. 33).
While the number of segregates increases on all substrates, their shape becomes
qualitatively different depending on the substrate. Segregates on YSZ and STO
retain a smaller size, on LAO and LSAT however, large and flat segregates with
a smooth surface emerge from the film. The shape of these segregates indicates
a single crystalline structure of the particles. This trend of particle formation on
LAO and LSAT continues for the next 30 hours (see Fig. 33). The large and flat
segregates continue to grow in size and small particles appear in between. Based on
the size of these particles, substantial amounts of material have to migrate to the
surface and leave behind a significantly altered host material.

LSC grown on YSZ exhibits different segregation dynamics and the lowest coverage
with particles is observed. The shape of the particles is sharper and only after very
long annealing times (> 30 h), large segregates can be observed. On STO, it further
appears as if the initially present cracks heal with increasing annealing time and
more and more particles grow on the surface. However, after 10 hours, AFM images
show that particles start to form inside the cracks and that the cracks are filled with
material. This trend continues and very large particles appear on top of the cracks.
Possibly, due to the strain-relaxed state around the cracks, segregation to the surface
is not preferable and material migrates laterally towards the cracks, which are filled
with increasing annealing time. Also, the distorted morphology in surface cracks
may aid the nucleation of segregates. After 100 hours annealing in synthetic air,
the so far observed trends continue, particles grow larger and more appear. From
30 hours onwards, depressions on the surface of the perovskite substrates appear,
possibly indicating that large amounts of material migrate and participate in particle
formation processes on the surface. The complete evolution of the surface of LSC
thin films grown on different substrates is shown in Fig. 34.

70



Figure 34: 3D visualization of the surface morphology of LSC thin films grown on
YSZ, STO, LAO and LSAT after different annealing times at 600 ◦C in synthetic
air. Each surface map is assembled of six 0.5 x 0.5 µm AFM images recorded at
specific experiment steps.
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The AFM images were further analysed with regard to particle properties, surface
coverage and surface roughness (Fig. 35). The mean diameter of the segregated
particles increases from around 10 nm to up to 20 nm depending on the substrate.
This is however a superposition of two effects, as the mean particle diameter is heav-
ily influenced by newly formed smaller particles. The maximum particle diameter
can surpass 100 nm for the biggest segregates. The analysis further shows that the
surface coverage of segregated particles constantly increases to around 30 % after
100 hours on perovskite substrates and to 20 % on YSZ. The analysis reveals that
the surface roughness continuously increases over the whole 100 h period.

Figure 35: Analysis of LSC surfaces after different annealing times in synthetic air
at 600 ◦C.

72



5.2.3 Surface Chemistry of LSC Thin Films

Chemistry of degraded LSC surfaces

SIMS measurements were performed on the same LSC thin films grown on all four
different substrates and annealed for 100 h in synthetic air to assess the depth distri-
bution of different cations in the thin film and to check for impurities on the surface
or in the film. In Fig. 36, positive secondary ion intensities of the cations Co, Sr,
and La are plotted normalized to their respective bulk values. As the intensity of
88Sr was already close to the saturation limit, the isotope 86Sr is also plotted for
reference. At the surface and interface regions, certain deviations from the bulk val-
ues are expected due to changes in surface conductivity and ionization probability
for different ions. While those changes are difficult to interpret, qualitative changes
between samples are, however, more straightforward. In that regard, most notably,
a strong Sr enrichment was found for LSC/YSZ and to a lesser extent in LSC/LAO
and LSC/LSAT. In contrast, for LSC/STO, higher surface signals of La and Co were
found as well as a little Sr enrichment.

Figure 36: SIMS measurements for Co, La and two Sr isotopes on 55 nm LSC thin
films grown on YSZ, STO, LAO and LSAT, normalized to bulk values.
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In addition, angle resolved XPS measurements were performed on the identical LSC
thin films grown on YSZ and STO, since according to SIMS and AFM measurements,
thin films grown on perovskite substrates are similar with regard to morphology
and chemistry. For comparison, pristine thin films were deposited with the same
parameters. Each pristine sample was split into two parts, one of which was washed
with bidistilled water to remove water soluble surface species. All six samples were
investigated with XPS (see Fig. 37). For LSC grown on STO, photoelectron spectra
in the La 4d region reveal an enrichment of La in the top most layer of the thin
film, while this difference is not visible for LSC grown on YSZ. With regard to Sr-
rich surface species, XPS spectra reveal two major components - one surface species
possibly correlated to an SrO layer, primarily visible on pristine LSC surfaces and
very weakly on washed surfaces, and one SrSO4 species. Surprisingly, the SrO
correlated signal intensity decreases in degraded films compared to pristine films.
Conversely, the SrSO4 species increases significantly on degraded films, especially on
the polycrystalline film on YSZ. The same trend can also be observed for the oxygen
signal. The signal intensity of the oxygen species correlated with SrSO4 is strongly
increased in degraded films. A second oxygen species was observed, however, its
origin is not fully clear, we suspect that it is not connected with SrO but is a feature
of the metallic electronic structure of LSC. The cobalt signal did not yield conclusive
results, its intensity was lower for the degraded films, however, this was expected
due to particle formation and Sr enrichment on the surface.

Figure 37: Photoelectron spectra of La, Sr and O of LSC thin films grown on YSZ
and on STO.

74



Composition of Segregated Particles

To probe the chemical composition of the segregated particles, analytical SEM stud-
ies were conducted on an LSC thin film grown on YSZ, which was heavily degraded
in lab air at 600 ◦C for 100 hours to facilitate the formation of big particles for a
conclusive EDX analysis. Fig. 38 a shows the SE-SEM image of surface segrega-
tions of different sizes recorded with 4 keV. In the EDX elemental maps of La-Mαβ

(Fig. 38 b) and Co-L (Fig. 38c) a significant reduction of the signal intensity is vis-
ible at the larger segregated particles, while seeing an increase in the Sr-L intensity
(Fig. 38 d), as well as in the S-Kα intensity at the location of the same particles.
With an overlay of the three elements in Fig. 38 e, it becomes obvious that the large
segregated particles are Sr rich and additionally contain large amounts of sulphur.

To investigate, why for small segregated particles visible in the SE-SEM image, a
higher Sr content could not be observed, Monte-Carlo electron path simulations were
conducted using Casino 2.481–3. The simulations show that the lateral diameter of
the interaction volume is larger than 200 nm in diameter, hindering the resolution
of smaller features in the elemental maps. Additionally, smaller segregated particles
have also less height and the proportion of the EDX signal stemming from the film
increases. Therefore, from EDX measurements, it is not possible to conclusively
determine the composition of the smaller particles, it seems, however, that they also
contain sulphur as the S map identifies more particles as the Sr map.

Figure 38: SEM EDX images of an LSC thin film grown on YSZ and continuously
annealed for 100 h in synthetic air at 600 ◦C.
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5.2.4 Oxygen Exchange Kinetics of degraded La0.6Sr0.4CoO3

The surface exchange kinetics of the investigated LSC thin films (degraded for 100
hours in synthetic air) were examined by 18O exchange measurements, again using
secondary ion mass spectroscopy (SIMS). The SIMS profiles (Fig. 39) of LSC thin
films on STO, LAO and LSAT exhibit a nearly constant level of 18O in the thin film,
followed by a sharp decline across the interface and into the substrate. Assuming an
LSC bulk diffusion coefficient of 2·10−12 cm2/s at 400 ◦C [158], the surface exchange
coefficient k∗ was estimated by finite elements simulation. For LSC on YSZ, oxygen
is continuously transported into the YSZ single crystal due to its high diffusion
coefficient (1.31·10−10 at 400 ◦C [159]). This facilitates the resolution of segments
with different diffusion kinetics inside the thin film and reveals a slow diffusion
regime until around 5 nm beneath the surface, followed by a slightly slower diffusion
regime for around 15 nm before the fast diffusing LSC bulk starts. One can also
observe an interface region with slower diffusion prior to the YSZ single crystal.
Again, k∗ was estimated by finite elements simulation and for all surface exchange
coefficients, the corresponding surface exchange resistance was calculated according
to

kq =
kBT

4e2RsurfcO
, (21)

using a correlation factor of 0.69 to convert k∗ into kq [160, 161] and an oxygen
concentration corresponding to the lattice parameter estimated from XRD results.
The correlation factor is probably also the largest source of error in this estima-
tion, as the true correlation between k∗ and kq is unknown. The surface exchange
coefficients and the corresponding resistance values are shown in Tab. 5. All thin
films, independent on the substrate material, exhibit very similar oxygen exchange
kinetics after 100 hours of degradation in synthetic air at 600 ◦C.
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Figure 39: 18O depth profiles of LSC thin films grown on different substrates and
annealed for 100 hours in synthetic air at 600 ◦C after 60 min of 18O exchange at
400 ◦C and 1 bar.

Table 5: Surface exchange coefficients and corresponding resistances at 400 ◦ and
1 bar, estimated from SIMS depth profiles of LSC thin films grown on different
substrates and annealed for 100 hours in synthetic air at 600 ◦C.

k∗ (cm/s) kq (cm/s) R (Ωcm2)

LSC/YSZ 1.0·10−9 1.45·10−9 1160

LSC/STO 8.2·10−10 1.19·10−9 1460

LSC/LAO 8.4·10−10 1.22·10−9 1400

LSC/LSAT 9.5·10−10 1.38·10−9 1240

5.3 Discussion

The combination of the presented results clarifies that a major part of the particles
found on top of degraded LSC thin films contains large amounts of sulphur and
strontium. SIMS and XPS results suggest, that while for polycrystalline LSC grown
on YSZ, basically all particles consist of SrSO4, for epitaxial LSC grown on STO,
LAO and LSAT, also other sulphate species like La2(SO4)3 could constitute a part
of the observed segregates. The results show that the accumulation of sulphur at
the LSC surface is inseparably linked to Sr segregation to the surface.
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With regard to the degradation mechanism, the experiments show, that the thin film
structure is critical for the type and extent of Sr segregation, possibly even more
than lattice strain. Epitaxial thin films tend to produce a combination of large, flat
segregates and smaller ball-like particles while on polycrystalline thin films, medium
sized needle-like segregates are observed. We strongly suspect that this behaviour
is related to grain boundaries acting as a pathway for Sr segregation out of the
material, and also as preferable segregate location [85].

When comparing the surface exchange resistance of the degraded thin films to liter-
ature values measured on similar but not degraded thin films at 400 ◦C (∼100 Ωcm2

[161] and ∼ 35 Ωcm2 extrapolated from i-PLD measurements), one observes that
the resistance increased by roughly a factor of 10-30. Interestingly, the surface ex-
change coefficient does not vary much between the different substrates. On the one
hand, this indicates that the lattice strain does not have a significant effect on the
resistance of heavily degraded thin films. On the other hand, this raises the ques-
tion about the identity of degradation sources in LSC thin films. In literature, Sr
segregation is commonly described to be a main reason for the performance degra-
dation of LSC [14, 87]. Among the variety of discussed phenomena are for example
an SrO top layer with a detrimental effect on surface exchange kinetics [86], La
and Sr containing oxide phases which cover electrochemically active sites [17] and
heterogeneously distributed SrO/Sr(OH)2 phases [14]. Additionally, sulphur poi-
soning effects have been described in detail and even trace amounts of sulphur have
been found to affect the surface exchange kinetics of LSC [103, 126]. Recent in-situ
PLD studies have shown that pristine LSC thin films exhibit very fast oxygen ex-
change kinetics, however, this high catalytic activity immediately decreases when
the sample is transferred to an ex-situ setup [13, 129]. This phenomenon has also
been correlated with the adsorption of trace amounts of sulphur on the LSC surface,
leading to a strong degradation.

The combination of these results strongly suggests that Sr-segregation (as result of
SrO Schottky defect formation processes) itself does not necessarily have a signif-
icant detrimental effect on the surface exchange kinetics of LSC, but is typically
accompanied (or even triggered) by the adsorption of sulphur and the formation of
SrSO4 which causes a strong performance degradation. We suspect that granular
film structure is advantageous for the resilience of an LSC surface against degra-
dation phenomena. It seems that specific poisonous phases like sulphates tend to
accumulate at grain boundaries (which have been shown to irrelevant for the sur-
face exchange on pristine thin films [13]), thus leading to a slower degradation of the
active surface. This also ties in with the findings of Kubicek et al., who found that
LSC deposited at low temperatures exhibits slower degradation behaviour and faster
surface exchange during ex-situ measurements [161]. We suspect, that the highly
increased grain boundary density of LSC decelerates deposited at low temperatures
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the accumulation of sulphur as SrSO4 at the active surface and thus enables faster
oxygen exchange.

After this initial degradation step, the results of this paper show that the combi-
nation of Sr-segregation and sulphur adsorption under operation conditions lead to
the formation of large particles and to a significant change of the surface chemistry.
Strain and grain boundary density appear to have a negligible impact on the oxygen
exchange kinetics of degraded LSC but affect predominantly segregation and degra-
dation processes in the early stage of operation. Overall, degradation processes on
LSC thin film surfaces can be summarized as follows: (1) Sr segregation occurs in
all thin films and leads to an equilibrium SrO layer at the surface which still con-
tains oxygen vacancies. (2) Contaminations inevitably present in the atmosphere
adsorb on the surface and form (Sr,La)SO4 phases which strongly inhibit the oxy-
gen surface exchange on the LSC surface (3) Continuing Sr segregation and further
sulphur adsorption leads to the formation of secondary phases and small particles,
preferably located in and on top of grain boundaries, and whose formation is accel-
erated by tensile lattice strain. (4) Large Sr-rich particles form on the LSC surface,
epitaxial surfaces promote the growth of very large and flat segregates. In general,
the results suggest, that the particle formation does not correlate with the overall
surface exchange activity of LSC, as thin films grown on perovskite substrates and
on YSZ, which show vastly different surface morphology, exhibit very similar sur-
face exchange kinetics. This indicates that the degradation is surface-based and all
results point to the reasonable conjecture that the performance loss correlates with
sulphur adsorption on the free surface rather than with particle formation.

Figure 40: Overview of different degradation phenomena observed on LSC thin films
during annealing in synthetic air at 600 ◦C with estimated values for the oxygen
exchange resistance.

5.4 Conclusions

The surface morphology and surface chemistry of LSC thin films grown on different
substrates were investigated upon degradation in synthetic air at 600 ◦C. Atomic
force microscopy was used to trace the evolution of the LSC surface and potential
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particle formation over the course of 100 hours. The study reveals that particle
formation already starts at low temperatures (∼ 400 ◦C) and follows different dy-
namics, depending on the thin film structure. On polycrystalline LSC grown on
YSZ, small needle-shaped particles form, most likely assisted by Sr diffusion via
grain boundaries. In epitaxial thin films grown on perovskite substrates, beginning
segregation is strain dependent, while during later stages, large flat particles de-
velop on the LSC surface. Scanning electron microscopy was used to investigate the
chemistry of segregated particles and large segregates were found to be Sr and S
rich. SIMS and XPS measurements were performed to assess the surface chemistry
of degraded LSC thin films. Both methods identified large amounts of sulphur on
the surface and a Sr enrichment in the topmost thin film layer, further confirming
the formation of SrSO4 phases on the LSC surface due to trace amounts of sulphur
in all measurement gases. The oxygen exchange kinetics of degraded thin films was
investigated with 18O tracer exchange measurements which revealed similar surface
exchange kinetics for all degraded LSC thin films, independent of epitaxy and type
of surface segregates. The results confirm that performance degradation of LSC sur-
faces is not tied to particle formation and receding surface coverage but to changes
of the surface chemistry itself. In combination with recent findings on the degra-
dation behaviour of LSC and the kinetic capabilities in its pristine state, it seems
established that Sr segregation alone is not responsible for the observed performance
decrease under operation conditions, however, it is always accompanied by sulphur
adsorption on the surface and the formation of sulphate species which reduce the
number of active sites and, later on, even start to conglomerate and form large par-
ticles on the thin film surface. The results of this work emphasize that suppression
of Sr segregation is not the primary method to avoid performance degradation. In-
stead, research should be focussed on the development of cathode materials with a
high sulphur resistance to ensure maximal long-time operability.
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6 Substrate Stoichiometry Changes during Pulsed

Laser Deposition: a Case Study on SrTiO3

This chapter contains in large parts material published in the following article:
Siebenhofer, M., Huber, T., Artner, W., Fleig, J., & Kubicek, M. (2021). Substrate
stoichiometry changes during pulsed laser deposition: a case study on SrTiO3. Acta
Materialia, 203, 116461. The supporting information referred to in the text is pro-
vided online by the publisher.

The influence of UV illumination by the plasma plume on the substrate stoichiom-
etry during pulsed laser deposition (PLD) was examined on the model perovskite
SrTiO3 (STO) by the means of in situ impedance spectroscopy during pulsed laser
deposition (i-PLD). In this manner, the evolution of the STO bulk conductivity
was tracked at 300 ◦C during STO thin film deposition and during deposition on
a quartz cover to isolate illumination effects from deposition effects. These mea-
surements revealed an increasing bulk conductivity during covered measurements.
Impedance spectroscopy under applied bias voltages indicates that these changes are
not caused by photovoltages but by an enhanced oxygen incorporation compensated
by electron hole generation under UV illumination. This enhanced conductivity per-
sists after illumination. The combination of across-plane and in-plane measurements
further indicates the formation of a layered system, allowing to estimate conductiv-
ity and thickness of the newly formed oxygen vacancy deficient layer. This results
in a ∼30 times more conductive top layer with a thickness of ∼40 µm. The driving
force induced by the UV illumination which is responsible for this stoichiometry
change corresponds to a p(O2) difference of around six orders of magnitude. Results
of in situ measurements show that the real deposition of a thin film leads to a more
complex layered system where the growing film interacts with the illuminated top
layer of the substrate and possibly introduces additional oxygen vacancies. These
changes have a strong influence on any grown thin film either by oxidation/reduction
potential or lattice parameter changes.

6.1 Methods

6.1.1 Sample Preparation

Current collector grids (100 nm Pt, 35 µm square holes / 15 µm stripes) were
prepared by lift-off photolithography and metal sputtering (Bal Tec MED 020, Leica
Microsystems GmbH, Germany) on one side of (100) oriented SrTiO3 (STO, Crystec
GmbH, Germany) single crystalline substrates (5 x 5 x 0.5 mm3). This grid ensured
that across-plane conductivity measurements were possible and that UV radiation
could still penetrate the 49 % grid-free surface (see S.1). The exact free area was
calculated from optical microscope images after platinum deposition. The back
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side was completely covered with sputtered platinum to provide optimal contact
surface. For in-plane measurements two opposite side faces of a (100) oriented
SrTiO3 (STO, Crystec GmbH, Germany) single crystalline substrates (10 x 10 x
0.5 mm3) were covered with platinum paste (Tanaka Europe GmbH) and a very
small spot (diameter ∼0.5 mm) was painted on the top adjacent to the sides as a
contact point for the needles.

6.1.2 In-situ Impedance Spectroscopy during PLD (i-PLD)

For the experiments conducted in this work, a new PLD sample holder was designed
and constructed (Huber Scientific, Austria), allowing for simultaneous heating of
the sample and the performance of electrochemical measurements during deposition
processes. A sketch of the heater stage is shown in chapter S.2 of the supporting
information. The heater itself is built from an Al2O3 block with embedded platinum
meanders used for resistive heating. Also embedded into the heater is a type S ther-
mocouple to measure the temperature. The sample temperature was linked to the
heater temperature via calibration with a YSZ single crystal prepared similarly to
the STO samples used in the remaining experiments. The high frequency minimum
or real axis intercept occurring in impedance spectra of YSZ single crystals is caused
by the ionic conduction of YSZ and by the internal resistance of the setup. In combi-
nation with the known temperature-conductivity relation of YSZ single crystals, the
sample temperature can be determined reliably [11],[162]. A direct calibration with
the resistivity of STO was not viable due to the observed stoichiometry changes and
long equilibration times. The heater stage further offers the possibility to contact a
sample with up to four platinum needles, as well as with a plane platinum electrode
painted directly on the Al2O3 block. Furthermore, a quartz plate can be mounted
on the heater to cover the sample and prevent actual deposition while allowing UV
radiation to reach the sample.

The transmission of the quartz plate for radiation with a wavelength between 250
and 400 nm was measured to be ∼75 % with an UV-vis absorption measurement
setup (tungsten lamp by Edmund Optics Inc., Germany and Ocean Optics QE6500
spectrometer by Halma plc, England). The quartz plate was continuously repolished
after the deposition of 2000 pulses to minimize the absorption of UV radiation by
layers deposited on top of the quartz plate. A more detailed analysis of the power
density and the wavelengths of the UV light reaching the sample is shown in S.2, as
well as photographs of the setup in operation.

For all i-PLD measurements, a polycrystalline SrTiO3 target was used. It was placed
either 6 cm above the quartz cover (and 9 cm above the sample) or 6 cm above the
sample depending on whether material was deposited on the sample or not. The
atmosphere during measurements was always set to 0.06 mbar p(O2) and the sam-
ple was heated to the desired temperature. A KrF (λ = 248 nm) excimer laser
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(Lambda Physics, COMPex Pro 201) with a laser fluence of 2 J/cm2 was used for
all depositions with a frequency of 1 Hz.

All impedance measurements were conducted with an Alpha-A High Performance
Frequency Analyzer and Electrochemical Test Station POT/GAL 30V/2A setup by
Novocontrol Technologies in a frequency regime from 106 to 10−2 Hz. Measurements
were performed with a resolution of 5 points per decade and an ACRMS voltage of
20 mV.

6.2 Results and Discussion

6.2.1 In Situ Impedance Spectroscopy on SrTiO3 Single Crystals

Across-plane impedance spectroscopy inside the PLD chamber was the main exper-
imental method used in this work. For such measurements the sample temperature
was usually kept at 300 ◦C and the atmosphere was set to 0.06 mbar p(O2). A typi-
cal impedance spectrum achieved in these experiments is shown in Fig. 41 together
with the equivalent circuit used to fit the data.

Figure 41: Impedance spectrum of a STO single crystal with platinum grid on top
and a sputtered platinum electrode on the bottom side at 300 ◦C and 0.06 mbar
p(O2). All impedance data were fitted using the equivalent circuit in the figure.

In all impedance spectra, two features were clearly visible. In the high frequency
regime, a nearly ideal semicircle was observed. The impedance of this semicircle
was quantified with an equivalent circuit fit of the spectrum to a R-CPE element
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(CPE = constant phase element). From the fitted parameters of the CPE element,
the capacitance of the real physical object can be calculated with the relations [114]

ZCPE = Q−1(iω)−n and C = (R1−n ·Q)1/n, (22)

using the fit parameters Q and n. With this calculation, the first semicircle typically
yields capacitance values of 6.7·10−11 F. Together with the geometry of the sample,
this corresponds to a permittivity of ε = 150 which is in good agreement with values
for STO single crystals at comparable temperatures found in literature [163],[164],
[165]. Thus, the first semicircle is attributed to the bulk of the STO single crys-
tal. The bulk resistance, Rbulk, for equilibrated samples at 300 ◦C and 0.06 mbar
was in the range of 160 kΩ for all samples, which results in a total conductivity of
1.25·10−6 S/cm. Further details on the equilibration process are presented in S.5.

The second impedance feature is a less ideal semicircle and can be fitted very well
with two R-CPE elements. This yields one predominant element with a capacitance
of around 1.5·10−7 F which constitutes around 90 % of the resistance of the whole
feature, Rsc. The second part is significantly smaller and its capacitance is in the
same order of magnitude. We suspect that this feature can be ascribed to the space
charge at the interface between the platinum current collector and the SrTiO3 single
crystal. Taking account of the reduced contact area at the top side with the current
collector grid, we get an interfacial capacitance of around 2.1·10−6 F/cm2 for the
dominant feature. For a first approximation of the space charge layer thickness, a
simple parallel plate geometry is assumed:

C = εε0
A

d
. (23)

For the above calculated interfacial capacitance and the bulk permittivity deter-
mined above, this results in a space charge zone of 63 nm. If the space charge
follows the behaviour of an electronic Schottky barrier, this thickness can be corre-
lated with the charge carrier concentration. The thickness of a Schottky barrier can
be estimated with [166]

xd =

√
2εε0|∆φ|
qNd

, (24)

where ∆φ is the potential difference at the interface between electrode and bulk
material, q is the elemental charge and Nd is the dopant concentration. This po-
tential difference is typically a few 100 mV, assuming φPt=5.64 eV for the work
function of platinum [167] and φSTO=5.85 eV for the Fermi level of STO [168] (both
values for room temperature), we end up with |∆φ|=210 mV. When compared with
the thickness calculated above, this yields a charge carrier concentration of 26 ppm
which is a reasonable value for impurity dopants in nominally undoped STO, which
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is known to be in the range of tens of ppms [169],[170]. The exact situation may be
complicated by additional ionic charge carriers but values most probably remain in
the same order of magnitude. Thus we can confidently assign the second impedance
feature to the space charges at the Pt/STO interfaces.

When impedance measurements were continued to frequencies below 1 Hz, a third
feature appeared at the low frequency end of the impedance spectrum. We sus-
pect that this feature describes the change from mixed ionic electronic to purely
electronic conductivity. This feature is discussed in further detail in chapter 7. As
examination of this feature requires significantly longer measurement times, this arc
was not measured during the experiments presented in this work.

For in-plane impedance measurements, the same two fundamental impedance fea-
tures appear but both on a different resistance scale, which is expected due to the
geometry change (Fig. 42). Changes of the space charge feature are also expected
because of the brushed Pt contacts which introduce a potentially very different |∆φ|,
compared to sputtered Pt electrodes (due to different orientations and possibly dif-
ferent interfacial states). Furthermore, the first feature is slightly distorted inwards
at the end of the semicircle. Such distortions are known to occur in our measure-
ment geometry (in-plane with the heater acting as a parasitic capacitance) and are
mentioned in literature [171]. For a very detailed analysis a sophisticated equiva-
lent circuit was suggested [172]. With this equivalent circuit the impedance spectra
could be fitted very well as shown in Fig. 42. During pulsing, only the first feature
of the spectrum was recorded to reduce the measurement time and avoid relaxation
processes, as a proper investigation of the space charge feature would require mea-
surement frequencies below 100 mHz.

These measurements revealed slightly different values for material properties. While
the bulk conductivity after equilibration before any laser pulses was measured to be
1.5·10−6 S/cm, which is very close to across-plane measurements, the relative per-
mittivity of the bulk STO was slightly lower (ε=110). The capacitance of the space
charge was slightly higher (7.84·10−6 F/cm2) than during across-plane measure-
ments.
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Figure 42: In-plane impedance spectrum of an STO single crystal with two platinum
coated side faces at 300 ◦C and 0.06 mbar p(O2) after 1000 laser pulses on a quartz
cover. All impedance data were fitted using the equivalent circuits in the figure
[172].

6.2.2 UV irradiation of Quartz covered SrTiO3 by the PLD Plasma
Plume

Impedance measurements on STO substrates were performed across-plane and in-
plane during PLD deposition on a quartz plate mounted above the sample. Mea-
surements were performed after 1, 3, 10, 30, 100, 300 and 1000 pulses. To assess
the total illumination time, the PLD process was filmed with a Sony DSC RX10
MIII camera in high-speed mode with a frame rate of 1000 fps. These recordings
revealed that the time when the plasma plume is optically visible is lower than 1
ms. Highly time resolved photography and measurements from other authors show
that the duration of the plasma plume is actually significantly lower, being rather
in the range of tens of microseconds [173],[174],[175]. For 1000 pulses, the total
illumination time in our measurements is therefore less than 0.1 s. The results of
these measurements are shown in Fig. 43.
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Figure 43: Impedance spectra measured at 300 ◦C during laser pulses on a quartz
covered sample measured across-plane (a) and in-plane (b), for in-plane measure-
ments only the bulk part was measured. The evolution of resistances relative to
their starting value R0 is shown in c) for across plane measurements and in d) for
in-plane measurements compared to across-plane measurements. Dotted lines in c)
and d) are a guide for the eye.

During across-plane measurements, a reduction of the bulk resistance by 7 % was
observed after 1000 pulses, while the space charge feature at first remains unaffected
and then shows a slight resistance increase after 30 pulses. The capacitive properties
of both features are unaffected by the illumination. Importantly, in-plane measure-
ments during illumination reveal an even stronger decrease of the bulk resistance by
over 70 % after 1000 pulses. Both, across- and in-plane changes remain after the
experiment. Post-illumination phenomena are discussed later on.

From experimental data the large difference between in-plane and across-plane mea-
surements strongly indicates a layered system with regions of different conductivities.
Employing a simple model with a well defined top layer of spatially constant but
enhanced conductivity (σUV ), the combination of across-plane (a.p.) experiments
(with the total resistance dropping by 7 %) and in-plane (i.p.) experiments (with
the total resistance dropping by 70 %), while neglecting the potential temperature
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difference and assuming the same initial conductivity, also allows an estimate of the
thickness and the conductivity of this new layer using electrochemical measurement
results via the following relations:

across-plane : Rtot,a.p. = R1,a.p. +R2,a.p. −→ 0.93 · d
σ0

=
x

σUV
+
d− x
σ0

,

in-plane :
1

Rtot,i.p.

=
1

R1,i.p.

+
1

R2,i.p.

−→ σ0 · d
0.30

= σUV · x+ σ0 · (d− x),
(25)

where 1 and 2 represent the two different layers, d is the sample thickness, x the
thickness of the highly conductive layer and σ0 is the original conductivity of the
sample. A sketch of this situation is shown in Fig. 44.

Figure 44: Sketch of the resulting layer structure of the sample including a schematic
of the accelerated oxygen incorporation process under UV illumination during PLD.

Solving these equations results in a 33 times more conductive top layer with a thick-
ness of 36 µm. Classical photoconductivity, which has been frequently examined in
SrTiO3 [176],[177],[178], cannot explain the observed effects, on the one hand due to
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the small absorption depth of about 1 µm and on the other hand because the effect
is persistent after the experiment despite a measurement temperature of 300 ◦C (see
below). The most probable origin of such different conductivities lies in a different
defect chemistry of the two layers. Throughout the last decades two fundamental
processes were shown to cause stoichiometry changes in STO - electrocoloration by
applying DC voltages and enhanced oxygen incorporation under ultraviolet illumi-
nation [179], [180], [181], [78], [81]. In the following we will try to identify the process
responsible for the effects observed in our experiments.

It is well known from earlier studies that during illumination, a photovoltage is in-
duced at the platinum-STO interface [79]. To test, if a photovoltaic effect is the
reason for the stoichiometry change and the observed increase in conductivity, bias
voltage was applied in the in-situ setup at a temperature of 330 ◦C. The results of
these measurements are shown in Fig. 45 (for more data on the voltage response of
SrTiO3 to the plasma plume, see S.6). Application of 100 mV bias voltage indeed
resulted in a slight change of the bulk resistance, for 100 mV positive bias volt-
age, the effect is similar as during illumination. However, while the space charge
resistance was nearly unaffected during PLD pulses, it changed significantly during
the application of bias voltage. Therefore, we conclude that the photovoltage does
not cause the observed changes in our i-PLD measurements and that no electrical
degradation takes place in our experiments.

Figure 45: Impedance spectra and resistance values during the application of differ-
ent bias voltages from -100 mV to 100 mV at 330 ◦C.

With regard to our second assumption, several indications can be found in literature
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that UV illumination has a significant influence on the surface oxygen exchange of
STO single crystals [82],[79],[78]. At elevated temperatures, the STO surface is
in equilibrium with the surrounding gas phase, governed by the oxygen exchange
reaction

1

2
O2(gas) + V ··O ⇀↽ Ox

O + 2h·, (26)

which is comprised of a number of steps, from adsorption to ionization and incor-
poration [29],[60],[182],[63]. As shown in [79], under continuous UV illumination
at similar temperatures to the experiments presented in this work, the equilibrium
of this oxygen exchange reaction shifts towards the incorporation reaction, most
probably caused by the increased concentration of conduction band electrons under
UV illumination. We therefore assume that also during pulsed laser deposition, the
oxygen incorporation is accelerated and leads to a change in the stoichiometry of
the near-surface region. Oxygen vacancies are annihilated and the electron hole con-
centration is increased. The latter causes the conductivity increase in the top layer
(σUV ). Since this is a true defect chemical change rather than photoconductivity,
the enhanced conductivity also persists after the illumination (see below).

According to diffusion theory, this strong stoichiometry imbalance at the surface
should equilibrate into the single crystal. Literature research yields a variety of
possible chemical diffusion coefficients for doped and undoped SrTiO3, a selection
is shown in Fig. 46, ranging over two orders of magnitude from 10−9 to 10−7 cm2/s
[183],[184],[185],[186],[56],[187].
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Figure 46: Chemical diffusion coefficients of undoped (pure) and Fe-doped SrTiO3 in
a wide temperature range from 200 to 900 ◦C. Symbols represent actual measurement
values, lines without measurement values show the analytic expressions given by the
corresponding authors. The highlighted area marks relevant diffusion coefficients for
the present work.

With a total experiment time of around 1800 s at the time of the measurement after

1000 pulses, the average diffusion distance of 〈x〉 = 2
√

Dt
π

ranges between 15 and

150 µm [188], the calculated layer thickness of 36 µm being in good agreement with
this range and corresponding to a chemical diffusion coefficient of 6·10−9 cm2/s.
We therefore hypothesize that UV illumination in the PLD leads to a layered sys-
tem with different oxygen nonstoichiometries. A more conductive and oxygen rich
layer is formed in the upper part of the sample, while the rest remains relatively
unaffected and therefore shows a higher oxygen vacancy concentration (see Fig. 44).

For a better understanding of what driving force is generated by the illumination,
these results are visualized in a conductivity-pO2 diagram (see Fig. 47) for an
initial conductivity of 1.2·10−6 S/cm. Under the given conditions hole conductivity
dominates the total conductivity σ0. The hole conductivity values for STO at 300 ◦C
were calculated according to the model developed by Denk et al. [30] with an
impurity content of 26 ppm (from space charge analysis). The model was slightly
adapted to undoped STO by replacing the iron ionization reaction by an ionization
of a general impurity (e.g. a Sr vacancy) with an activation energy of 0.7 eV. For
further details on the defect chemistry of STO refer to S.3.
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Table 6: Mass action constants and mobility data used for calculations.
reaction mass action constant

V ··o + 1
2
O2 ⇀↽ Ox

o + 2h· 4.74·108 Pa−1/2 cm−3

A′′ + h· ⇀↽ A′ 7.04·1014 cm−3

nil ⇀↽ e′ + h· 7.79·1016 cm−6

species mobility
V ··O 4.78·10−7 cm2 V−1 s−1

h· 0.27 cm2 V−1 s−1

According to this visualization, the hole conductivity increase during UV illumina-
tion from σ0 to σUV corresponds to a change in oxygen partial pressure of about six
orders of magnitude from 0.06 mbar to 60 bar, which is a strong driving force for
stoichiometry changes in near-surface regions.

Figure 47: Calculated (hole) conductivity at 300 ◦C for SrTiO3 compared to mea-
surement results before and after UV illumination in the PLD.

The extrapolation to higher temperatures, more relevant for actual deposition pro-
cesses is difficult, as the surface exchange is significantly faster than at 300 ◦C and
diffusion processes happen much faster. This is also the reason why this effect is best
observed at low temperatures and 300 ◦C is a reasonable choice for our experiments.

We conclude that the effects of UV illumination during PLD on the substrate are
clearly visible even without any direct film deposition and can alter the substrate
stoichiometry significantly in near-surface regions and thus potentially also affect
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the growing thin film, either directly by altering its surface exchange kinetics or by
a stoichiometry change induced strain.

6.2.3 Substrate Alteration during Deposition

Since during real PLD processes a wide variety of materials can be deposited on a
substrate the second aim of this study was to compare the pure UV illumination
effects to the impact of an actual deposition on the substrate. For this purpose, the
quartz cover was removed and an STO thin film was deposited onto the single crystal
substrate. The same measurements were performed as during covered experiments.
The results of these measurements are shown in Fig. 48.

Figure 48: Impedance spectra during PLD without cover measured at 300 ◦C across-
plane (a) and in-plane (b). The evolution of resistances relative to their starting
value is shown in c) for across plane measurements and in d) for in-plane measure-
ments compared to across-plane measurements. Dotted lines in c) and d) are a guide
for the eye.

Like during quartz covered illumination measurements, the across-plane bulk re-
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sistance of the single crystal initially decreases when material is deposited onto it.
However, after more than ten pulses the value increases and rises above the initial
resistance during further deposition. Also the data scattering between samples is
larger than for measurements with a quartz cover. For in-plane measurements we
observe again a resistance drop, however, significantly smaller than before. The
combination of these results indicates that actual deposition induces changes of the
substrate apart from illumination effects, which are still present. These seem to
originate from processes competing with the illumination, e.g. from possible oxygen
deficient deposition [189–191], thus fundamentally changing the evolution of the bulk
resistance with an increasing number of pulses. Especially the strong scatter and the
difference between in-plane and across-plane measurements suggest that this newly
observed effect is surface related. Application of the same assumptions as before
with regard to a layered sample, adding the freshly deposited film as a third layer,
leads to two possible outcomes. Either the thin film is significantly less conduct-
ing and the formerly well conducting layer remains well conducting, or vice versa.
However, the experimental setup renders the first option impossible, since across-
plane currents should not be affected by a thin film deposited on top. Furthermore,
analysis of the calculated peak frequencies of the accompanying impedance features
reveal that the bulk-assigned impedance feature would split in the first case. Hence,
only the second option is viable for further discussion.

We assume that either the freshly deposited material itself or the UV illumination of
this new thin film introduces a new process competing with purely substrate-related
processes. Several studies have shown that PLD conditions have a substantial ef-
fect on the oxygen stoichiometry and morphology of STO thin films [192],[193],[194].
Furthermore it is well-known that the substrate temperature also strongly influences
structure and crystallinity of the thin film and can even affect the plume propaga-
tion [195],[196]. It is therefore possible that the newly deposited film is significantly
oxygen deficient and extracts oxygen from the single crystal below during growth.
The UV illumination additionally affects both the growing film and the substrate
underneath. Consequently the growing film would be filled with oxygen even more,
resulting in a more conductive thin film (σUV ) and in a slightly decreased conduc-
tivity in the top layer of the single crystal (σ1) compared to its original state (σ0).
This suggested mechanism is visualized in Fig. 49 together with the resulting layer
structure of the sample.
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Figure 49: Schematic of the accelerated oxygen incorporation process under UV
illumination during actual deposition and the resulting layer structure.

Although the mechanisms of these processes are not yet fully understood, our experi-
ments illustrate very clearly that an actual deposition triggers manifold and complex
processes in the substrate which can also affect the thin film growth. Especially with
regard to the oxygen stoichiometry during oxide deposition on photoactive substrates
like for example SrTiO3, TiO2 or ZnO [197],[198],[199], such processes can not be
neglected as the interaction of the substrate with the UV light will have a direct
influence on the growing film, either via lattice geometry or oxidation/reduction
potential.

6.2.4 Post-Illumination Effects

A compilation of the evolution of the bulk resistance for exemplary in-plane and
across-plane measurements with and without quartz cover at 300 ◦C is shown in
Fig. 50. According to our results conductivity changes persist after illumination.
Further relaxation processes seem to occur predominantly along with actual deposi-
tion processes. Measurements at 330 ◦C however show that relaxation processes can
also occur after illumination through a quartz cover. Independent of the exact mech-
anisms, the long timescale and the significant changes demonstrate that a freshly
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deposited sample can be driven far from equilibrium when cooled too abruptly after
deposition.

Figure 50: Evolution of the bulk resistance for representative in-plane (i.p.) and
across-plane (a.p.) measurements of covered and uncovered samples during and
after illumination/deposition. Lines are a guide to the eye.

The aforementioned relaxation processes after uncovered deposition were further
observed in across-plane geometry. These measurements showed a significant in-
crease of the STO bulk resistance for several ten thousand seconds without quartz
cover at 300 ◦C. To accelerate these processes, a sample was measured at 330 ◦C
(see Fig. 51). The resistance increase was again observed followed by long-lasting
relaxation processes.
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Figure 51: Bulk resistance evolution of an STO single crystal (across-plane) before,
during and after UV illumination and uncovered deposition at 330 ◦C. The time
when laser pulses were shot is marked blue, all lines are a guide to the eye.

While the processes during illumination are partly understood, it is yet unknown
what causes the increase of the bulk resistance after illumination. Presumably, these
processes originate in the nonequilibrium conditions induced by the UV illumina-
tion. However, based on our data, no final conclusion on the mechanism is possible
as of yet. It is also possible that the platinum grid or the asymmetric heating have
a certain influence towards the depth dependent oxygen non-stoichiometry in STO
single crystals during pulsed laser deposition.

6.3 Conclusions

The interaction between the plasma plume and the substrate during PLD deposition
was investigated on the model system SrTiO3 by means of impedance spectroscopy
during pulsed laser deposition (i-PLD). A significant change of the resistive prop-
erties of the substrate after deposition on a quartz cover above the sample was
discovered, indicating stoichiometry changes of the substrate, causing a long-lasting
increase of the STO conductivity. The results of across-plane and in-plane mea-
surements suggest the formation of a layered system where the surface near region
becomes subject to severe driving forces, corresponding to a p(O2) difference of
six orders of magnitude, due to an accelerated oxygen incorporation at the sample
surface under UV illumination. During real (uncovered) deposition processes, the
interactions between substrate and the growing thin film become more complex and
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the results deviate from measurements of a covered sample. The measurements in-
dicate a stoichiometric imbalance between substrate and growing film, resulting in
a different layer structure and a different impedance response. These experiments
demonstrate how the PLD process not only affects the growing thin film but also
the substrate and hence, indirectly and in retrospect the thin film. Until now only
SrTiO3 was investigated, but from our results we expect the observed phenomena
to be important for other medium bandgap oxides as well, such as TiO2 and ZnO.

It was discovered that the substrate undergoes long-lasting relaxation processes after
the end of the deposition, possibly affecting the properties of the whole sample when
cooled abruptly. We conclude that the so far mostly neglected interaction between
the plasma plume and the substrate occurs in many deposition processes. It has the
potential to significantly alter the properties of the substrate as well as the growing
film.
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7 Exploring Point Defects and Trap States in Un-

doped SrTiO3 Single Crystals

This chapter contains in large parts material published in the following article:
Siebenhofer, M., Baiutti, F., de Dios Sirvent, J., Huber, T. M., Viernstein, A.,
Smetaczek, S., & Kubicek, M. (2021). Exploring point defects and trap states in
undoped SrTiO3 single crystals. Journal of the European Ceramic Society. The
supporting information referred to in the text is provided online by the publisher.

The defect chemistry and electronic trapping energies in undoped single crystalline
SrTiO3 were examined by electrochemical impedance spectroscopy at low (25-160 ◦C)
and intermediate (500-700 ◦C) temperatures. Electronic and ionic conductivity as
well as the chemical capacitance were determined with a transmission line equiv-
alent circuit. Defect chemical calculations were used to determine concentrations
and thermodynamic properties of defects in SrTiO3. Impedance spectroscopy at low
temperatures was used to quantify trapping energies of main ionic defects. Utilizing
the chemical capacitance, a defect model based solely on electrochemical measure-
ments is established, correctly predicting electrochemical properties of SrTiO3, and
unveiling hardly accessible defect concentrations. The chemical capacitance analysis
yields a valence dependent acceptor concentration for the investigated samples, in
accordance with defect identification by positron annihilation lifetime spectroscopy,
they contain ∼6 ppm VT i. Beyond successfully predicting acceptor defect concentra-
tions in undoped SrTiO3, the method is sensitive for electronically relevant defects
in sub-ppm concentrations.

7.1 Methods

7.1.1 Sample Preparation

Platinum current collectors were prepared by hot metal sputtering (Bal Tec MED
020, Leica Microsystems GmbH, Germany) on both sides of (100) oriented SrTiO3

(Crystec GmbH, Germany) single crystalline substrates (10 x 10 x 0.5 mm3) at a
temperature of 800 ◦C. This layer ensured that the whole sample was contacted dur-
ing across-plane measurements. The side faces of the sample were ground carefully
to remove possible Pt residues from sputtering and thus to avoid short circuits along
the sides.

Quenched samples were prepared by using different annealing steps after preparing
the electrodes. The sample equilibrated in oxidizing conditions was heated to 800 ◦C
in a batch furnace, removed after 12 hours and placed on a cold Al2O3 disk on a
metal surface for rapid cooling. The sample equilibrated in reducing conditions was
heated to 800 ◦C in a quartz tube inside a tube furnace and exposed to a humidified

99



hydrogen/argon mixture for 12 hours, therefore equilibrating at a p(O2) of 10−21 bar.
Afterwards the quartz tube was removed from the furnace and doused with cold
water to rapidly cool the sample while retaining the atmosphere. A temperature
below 200 ◦C, measured with a type K thermocouple inside the quartz tube was
reached in less than 60 seconds.

7.1.2 Impedance Spectroscopy

All impedance measurements were conducted with an Alpha-A High Performance
Frequency Analyzer and Electrochemical Test Station POT/GAL 30V/2A setup by
Novocontrol Technologies in a frequency regime from 106 to 10−2 Hz. Measurements
were performed with a resolution of 10 points per decade and an ACRMS voltage of
20 mV. The measurement temperature was controlled with a type S thermocouple
very close to the sample. The partial pressure was controlled with a customized
measurement setup employing an electrochemical oxygen pumping system. Details
on this measurement setup can be found in chapter S.3 of the supporting informa-
tion. All impedance data were fitted with ZView (Scribner Associates, US). For
transmission line fits, the distributed element 19 (Jamnik-Maier-Lai-Lee) was em-
ployed [112, 200–202]. Further details on the ZView fit are also shown in chapter
S.2 of the supporting information.

7.1.3 PALS Analysis

The variable energy positron annihilation lifetime experiments were performed at
the mono-energetic positron spectroscopy (MePS) beamline, which is the end station
of the radiation source ELBE (Electron Linac for beams with high Brilliance and
low Emittance) at HZDR (Germany) [203, 204]. A digital lifetime CrBr3 scintillator
detector, 51 mm in diameter (2”) and 25.4 mm length (1”), coupled to a Hamamatsu
R13089-100 photomultiplier tube with a µ-metal shield and a solid Au casing was
utilized. A homemade software employing a Digitizer (ADQ14DC-2X, SP Devices)
with 14 bit vertical resolution, 2GS/s horizontal resolution and a time resolution
function down to about 0.205 ns was employed. A typical lifetime spectrum N(t) is
described by N(t)=

∑
i(1/τi) ·Ii ·exp(−t/τi), where τi and Ii are the positron lifetime

and intensity of the i-th component (
∑

i Ii = 1). The spectra were deconvoluted
into three discrete lifetime components using the non-linearly least-squared based
package PALSfit fitting software [205]. The corresponding relative intensities reflect
to a large extent the concentration of each defect type (size). The resolution func-
tion required for the spectrum analysis uses two Gaussian functions with distinct
intensities depending on the positron implantation energy, Ep, and appropriate rel-
ative shifts. All spectra contained at least 1·107 counts. The accuracy of PALS was
down to 1 ps.
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7.2 Theory

7.2.1 Basics of the Defect Chemistry in SrTiO3

The defect chemistry of STO is inseparably linked to oxygen vacancies. Depending
on the oxygen chemical potential, oxygen may be incorporated into the lattice as
Ox
O while annihilating an oxygen vacancy V ··O - or released from the lattice while

creating one (defect species according to the Kröger-Vink notation [42]). The oxygen
incorporation into a twofold positively charged vacancy follows the reaction equation

1

2
O2 + V ··O ↔ Ox

O + 2h·, (27)

creating two electron holes when occuring in the forward direction. Alternatively,
one may write the oxygen exchange reaction with conduction band electrons as

Ox
O ↔

1

2
O2 + V ··O + 2e′. (28)

The mass action laws for these thermodynamically equivalent cases are given by:

KOx = [h·]2[V ··O ]−1p(O2)
− 1

2 = K0
Ox e

−∆HOx
kBT , (29)

KRed = [e′]2[V ··O ]p(O2)
1
2 = K0

Red e
−∆HRed

kBT , (30)

where K0 describes the preexponential factor of the equilibrium constant Ki, ∆Hi is
the standard reaction enthalpy, kB stands for the Boltzmann constant and T equals
the temperature. At this point it is noteworthy that any temperature dependency of
∆H and of entropic contributions is neglected, as is common practice when dealing
with the defect chemistry of STO. The two previous mass action laws are coupled
by band-band excitation processes, where electrons and holes are either generated
or annihilated

nil↔ e′ + h·, (31)

and the corresponding mass action law

Ke = [e′][h·] = K0
e e
− Eg
kBT , (32)

where K0
e = NVNC is the product of the temperature-dependent energy-weighted

densities of state of the valence band NV = N0
V · (T/K)1.5 and the conduction

band NC = N0
C · (T/K)1.5, and Eg is the electronic band gap energy of STO. Com-

paring Eqs. 29, 30 and 31, one further finds that KOx · KRed = K2
e and thus

∆HOx + ∆HRed = 2Eg for temperature independent K0
Ox and K0

Red.

While oxygen vacancies are usually twofold positively charged at high temperatures
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[29], they can become singly ionized at lower temperatures by trapping free electrons
according to

V ·O ↔ V ··O + e′, (33)

and the appropriate mass action law

Ke
trap = [V ··O ][e′][V ·O]−1 = Ke,0

trap e
−

∆Hetrap
kBT . (34)

In addition to these defect equilibria, metal vacancies or impurities can alter defect
concentrations in STO significantly. For charged donor or acceptor defects (D and
A, respectively), the electroneutrality equation reads:

2[V ··O ] + [V ·O] + [h·] +
∑
i

i[Di·] = [e′] +
∑
j

j[Aj′]. (35)

with i and j denoting the different charge states of the defects. In undoped STO,
such defects occur in the form of cation vacancies [206–208] or as impurity atoms
such as Al, Cr or Fe [209, 210]. Defects with acceptor character can trap electron
holes analogously to the interaction of electrons with oxygen vacancies. For k-fold
negatively charged acceptors, these processes can be described as

A(k−1)′ ↔ Ak′ + h·, (36)

with the mass action law

Kh
trap = [A(k−1)′][h·][Ak′]−1 = Kh,0

trap e
−

∆Hhtrap
kBT . (37)

Apart from aforementioned defects, several other defect species have been reported
for STO, including hydrogen ions and complex vacancy clusters consisting of tita-
nium and oxygen vacancies [211, 212]. However, it is difficult to distinguish individ-
ual defect species in electrochemical measurements. Their electrochemical footprint
is based on their trapping level position in the band gap, which is specific for a
defect type, but difficult to identify due to scarce data or other complications, e.g.
concentration effects, defect interactions or extended defects. Due to the strong
impact of point defects, even nominally undoped single crystals, grown under dif-
ferent conditions, may exhibit considerable differences in their defect chemistry [178].

One result of this defect chemical model are the characteristic ±1/4 slopes of elec-
tronic charge carrier concentrations for intermediate p(O2) values which are fre-
quently observed as they translate directly into the electronic conductivity of STO.
Appropriate mass action constants are needed to calculate a realistic defect model
for equilibrium conditions. Literature research [29, 30, 53, 213] yields several differ-
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ent sets of mass action constants, for a selection of values refer to chapter S.1 of the
supporting information.

In order to relate the carrier concentrations to measurable conductivities, it is neces-
sary to know the specific carrier mobilities µ of electrons, electron holes and oxygen
vacancies. Again, literature research yields a variety of values, especially with re-
gard to vacancy mobilities. Overall, values of oxygen vacancy diffusion activation
energies ∆HV ··

O
between 0.26 and 1.03 eV were reported, with 0.6 eV being the most

commonly reported value [54, 182, 186, 214–217].

7.2.2 Modelling the Impedance of SrTiO3 Single Crystals

To describe the physical processes of mixed ionic and electronic conductors such
as STO, an equivalent circuit suitable for the interpretation of impedance data is
required. Based on the model of Jamnik, Maier [112, 200, 201] and Lai, Haile [202],
an adapted transmission line model was used to fit the impedance data of STO
single crystals (Fig. 52). Limiting cases of this general approach have previously
been applied to other systems to deduce ionic and electronic conductivities of mixed
conductors [218, 219].

Figure 52: Proposed transmission line model to fit impedance data. Xeon,ion
s.c. denotes

resistance or capacitance of the electronic and ionic part of a space charge layer,
Reon and Rion denote differential ionic or electronic resistances and Cchem describes
a differential chemical capacitance coupling the two conduction rails. Cbulk stands
for the geometrical capacitance.

In this model, two separate rails are used to describe the conduction of electronic and
ionic charge carriers. The respective conductivities of the material are represented
by resistance elements Reon and Rion. These two rails are coupled via capacitors,
representing the chemical capacitance Cchem which will be described in more de-
tail later on. The two rails are terminated by R||C-elements describing the effect
of the interfacial space charge (Rs.c., Cs.c.) on the particular rail. In the ionic rail,
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an additional electrochemical reaction resistance due to incorporation or release of
oxygen comes into play (Rint). This resistance Rint in the ionic rail is infinite if
the electrodes (here dense sputtered Pt) are ideally blocking on the timescale of the
measurement and thus also the ionic space charge resistance is irrelevant. However,
the resistive part of the electronic rail is fully active and is the relevant resistance
of the space charge in the equivalent circuit. The capacitance of the space charge
region on the other hand is mainly caused by the ionic contribution, as the con-
centration of oxygen vacancies is at least an order of magnitude higher than the
concentration of electronic charge carriers in the relevant p(O2) range. Therefore,
the simplification of using only a terminating resistance in the electronic and only
a capacitance in the ionic rail approximates the situation well.

The chemical capacitance Cchem between the electronic and the ionic rail describes
the ability of the material to change its oxygen stoichiometry in response to a change
of the oxygen chemical potential [25, 220]. Cchem is strongly related to defect concen-
trations. This is discussed in more detail below and is the basis for our determination
of the defect chemistry in undoped STO.

7.2.3 Interpreting the Chemical Capacitance

The chemical capacitance of a mixed ionic and electronic conducting oxide with
dilute carrier densities and without charge carrier trapping is given by [220]

Cchem =
e2

kBT

(
∂µO
∂cO

)−1
=

e2

kBT

(
1

z2ioncion
+

1

z2eonceon

)−1
, (38)

where zi is the charge number of species i and e the elementary charge, µO is
the oxygen chemical potential and cion, ceon and cO are the concentrations of ionic
charge carriers, electronic charge carriers and oxygen in the material, respectively.
Consequently, the concentrations of charge carriers contribute to the chemical ca-
pacitance directly without being coupled to conductivities via mobilities. This also
implies that trapping phenomena are included in the chemical capacitance. More
precisely, every defect which can trap electronic charge carriers, independent of the
specific defect type, affects the charge carrier concentrations and thus also the chem-
ical capacitance. According to Maier et al. [8, 9, 221, 222], the trapping of charge
carriers can be accounted for by the differential trapping ratios Ri. Assuming one
trap each for electrons (e) and electron holes (h), this yields the following formula
for the chemical capacitance [221]:

Cchem =
4e2

kBT

(
1

[V ··O ]
+

4

[e′] + [e′]Re + [h·] + [h·]Rh

)−1
. (39)

Symbol Ri denotes the differential trapping ratio for an electronic species i. Ri is
related to the total concentration m of the trapping acceptor or donor and the mass
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action constant of the corresponding trapping mechanism Ki
trap by [222]

Ri =
mKi

trap

([i] +Ki
trap)

2
. (40)

Theoretically, it would also be necessary to include singly ionized oxygen vacancies
when treating the chemical capacitance in this manner. However, doubly ionized
oxygen vacancies are the majority ionic charge carrier over a wide p(O2) window
which goes beyond the p(O2) values necessary for the determination of Cchem (in the
most extreme case at 700 ◦C and 10−19 bar, the ratio V ··O : V ·O is 25:1, according to the
model derived in this study) [223, 224]. Therefore, the simplification of considering
V ··O as the only mobile ionic charge carrier for the chemical capacitance is reasonable.

Fig. 53 shows the predicted chemical capacitance for different situations according to
eq. 39 (the respective defect types, defect concentrations and trapping energies are
shown in the figure legend, remaining mass action constants from [29]). Electronic
traps are manifested as a peak in the chemical capacitance. The position of this peak
is determined by the mass action constant of the trapping reaction and its height is
determined by the trapping defect concentration. Thus the chemical capacitance is
sensitive to the presence of trapping defects, their trapping energies and also their
concentrations. Owing to the peak-type character, dealing with several traps may
lead to different slopes of Cchem or even a plateau-like Cchem over a larger p(O2)
region, see Fig. 53.

Figure 53: Effects of different defect concentrations and trapping energies ∆H i
trap

on the p(O2) dependency of the chemical capacitance.
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7.3 Results and Discussion

7.3.1 Electrochemical Characterization of SrTiO3 Single Crystals

Intermediate Temperatures

Impedance spectroscopy measurements of undoped STO single crystals with sputter-
deposited Pt electrodes were performed at 500, 600 and 700 ◦C at 4 oxygen partial
pressures between 1 and 10−7 bar. It was not possible to perform measurements
over a continuous temperature range, as equilibration at lower temperatures always
takes several hours. In general, the Nyquist plot always shows three well separated
features in variable size, as shown in Fig. 54 (for more details on the impedance
curves, refer to section S.2 of the supporting information). The first (high frequency)
feature can be ascribed to the mixed ionic and electronic bulk conductivity of STO
since the capacitance yields a relative permittivity between 120 and 150, depending
on temperature, which are typical values for STO [163–165]. The second feature
is attributed to the space charge region at the Pt-STO interface. It is strongly
temperature dependent and nearly vanishes at high temperatures. Its area specific
capacitance is between 1 and 2 µF/cm2, which is again a reasonable value in line
with literature references [225, 226]. Assuming a simple parallel plate capacitor,
with

C = εε0
A

d
, (41)

a space charge layer thickness between 50 and 100 nm is estimated from this capac-
itance and a bulk permittivity of 120, a value which is very realistic for acceptor
concentrations in the ten ppm range [227]. The third impedance feature corresponds
to the transition from mixed ionic and electronic conductivity to purely electronic
conductivity. Its capacitive properties are directly linked to the chemical diffusion
coefficient of STO. A more detailed interpretation of this feature is given in section
S.2 of the supporting information.
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Figure 54: Impedance data measured at 600 ◦C and 7·10−7 bar p(O2) fitted to the
transmission line model depicted in the insert and described in section 2.2.

With the transmission line model described earlier (cf. section 2.2), these impedance
measurements can be described excellently (see Fig. 54). Please note that, while for
evaluations of the chemical capacitance the equivalent circuit was used as described,
the capacitors were replaced by CPE-elements for the evaluation of resistive quanti-
ties. The latter ensures an even better fit to the spectra and thus the most accurate
resistance values. From these fits it was possible to extract the electronic conduc-
tivity, the ionic conductivity, the bulk capacitance, the space charge resistance and
capacitance and the chemical capacitance. It is noteworthy, that this is the same
number of fitting parameters as in a simple three RC-element fit. Therefore the
transmission line fit is not overparametrizing the system but it gives a meaningful
description of the physical situation. An extended discussion of the space charge
between STO and Pt is beyond the scope of this article as the focus lies on the bulk
properties. The resulting bulk electronic and ionic conductivities and the chemical
capacitance as well as their temperature dependencies are shown in Fig. 55.

The partial pressure independence of the ionic conductivity indicates little p(O2)
dependence of the V ··O concentration in this range and thus that oxygen vacancies
are a majority defect. It is worth emphasizing that such an analysis of the (mostly
small) low frequency arc allows exact determination of the ionic conductivity even
when it is almost two orders of magnitude smaller than the electronic conductivity.
This represents a great increase in accuracy compared to common methods, in which
the ionic conductivity is retrieved from the total conductivity as a deviation from a
1/4 slope in the transition range between predominant electron and hole conduction.
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Figure 55: Results of the transmission line fit for the measured impedances:
a) electronic and ionic conductivities vs. p(O2), b) chemical capacitance vs. p(O2),
c) Arrhenius-type plot of electronic and ionic conductivities, d) Arrhenius-type plot
of chemical capacitance.

To extend the characterization of STO even further, impedance spectroscopy was
performed over a wide p(O2) range, using a yttria stabilized zirconia (YSZ)) oxygen
pumping system to control the oxygen partial pressure. This characterization was
performed for 600 ◦C and 700 ◦C. All results of the total conductivity (σeon+σion)
and the chemical capacitance are shown in Fig. 56. Notably, the flattened chemical
capacitance at intermediate p(O2) already suggests the presence of trapping defects
(cf. Fig. 2). This finding will be considered in greater detail later in the text.
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Figure 56: Total conductivities and chemical capacitances of an STO single crystal
at 600 and 700 ◦C over a wide p(O2) range determined from impedance fits using
the transmission line model (tlm). All shown full lines in both a) and b) are values
calculated from the defect chemical model (dcm) with the optimized parameter set
derived later in this work and given in Table 7.

Low Temperatures

At low temperatures (below 200 ◦C), cationic defects in STO are immobile and the
oxygen exchange at the surface is extremely slow [213], therefore, the defect chem-
istry is frozen in the previously equilibrated state. The temperature dependency of
the measured conductivity is a convolute of the migration enthalpy of oxygen vacan-
cies, the mobility of electronic charge carriers and the activation energy of charge
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carrier trapping. At this point it is also necessary to discuss the nature of electronic
charge carriers in STO. It is an ongoing discussion if electron holes in STO exist
as small or large polarons, i.e. localized or itinerant, similar to free charge carriers
[228–231]. Based on the results of the measurements, it is not possible to draw a
conclusion to this question. Even though the two species exhibit a different tem-
perature dependency of their mobility, this difference is not large enough so that
it could be distinguished in this work. For this reason, this question is left open
and a power dependency of the electron and electron hole mobility on temperature
µi = µ0

i · (T/K)−mi is used, as is common in defect chemical studies of STO [29, 30,
53].

To investigate the aforementioned properties, two samples were examined at low
temperatures. An STO single crystal with sputtered Pt electrodes was equilibrated
in air at 800 ◦C overnight (12 h) and quenched to room temperature (below 200 ◦C
in under 1 min) to freeze the established oxygen vacancy concentration. After-
wards, impedance spectroscopy was performed between 70 and 160 ◦C. Since oxy-
gen exchange via the STO surface may be neglected in this temperature range [232],
the frozen oxygen vacancy concentration does not change in this experiment. The
impedance curves exhibit two features, one semicircle corresponding to the total
bulk conductivity and the onset of a second feature, presumably belonging to a
space charge contribution (see inset in Fig. 57). The nature of the total conduc-
tivity of STO at low temperatures cannot be determined a priori, as it strongly
depends on the doping concentration and trapping energies of the present single
crystal [213]. In general, higher trapping energies lead to an earlier transition to
ionic conductivity, as more electronic charge carriers are trapped when cooling the
sample. However, if we consider the oxygen vacancy mobility calculated from the
general expression for the vacancy diffusion coefficient of De Souza et al. [182], the
resulting concentration of oxygen vacancies to explain the measured conductivity
would lie above 1020 cm−3, which is highly unlikely in the investigated, nominally
pure, single crystals. Therefore we assume that the measured conductivity is mostly
electronic. From these measurements the activation energy of the electronic con-
ductivity was extracted and calculated to 0.70 ± 0.02 eV. This value contains the
trapping enthalpy of species which trap electron holes, and it further needs to be
corrected for the temperature dependency of the mobility. This will be applied when
discussing the complete defect model. Although the atomic nature of this trap is not
directly accessible with the present method, the measured trapping energy is con-
sistent with titanium vacancies being the most abundant ionic defect (apart from
oxygen vacancies), for which literature suggests a trapping level between 0.4 and
0.84 eV above the valence band maximum. [31, 32, 233, 234]. Due to the large
difference between ionic and electronic conductivity and the large resistances, it was
not possible to quantify the ionic conductivity with the model used at higher tem-
peratures.
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Figure 57: Total bulk conductivity measurements and the corresponding activation
energies between 25 and 160 ◦C for samples quenched in air and at 10−21 bar p(O2).

The same measurements were also performed for a sample equilibrated and quenched
at 10−21 bar p(O2), i.e. in a reduced state ([V··O] ≈ 1018 cm−3), to investigate the
trapping behaviour of oxygen vacancies, which may trap electrons and thus become
singly ionized. Again, the measured conductivity is much too high to be of ionic
origin and in this case no second impedance feature appears, supporting earlier
considerations, as an electron hole-depletion zone at the Pt interface would have
no effect on electrons. These measurements reveal an activation energy of 0.55 ±
0.02 eV, which again needs to be corrected for the temperature dependency of the
electron mobility. Literature values for the transition V ··O → V ·O vary between 0.1
and 0.57 eV, the present value being on the upper end of this range [31, 223, 234–
238]. Interestingly, at lower temperatures the conductivity deviates from an ideal
Arrhenius behaviour. This could potentially point towards associate defects involv-
ing oxygen vacancies which dissociate at higher temperatures. If those associates
cannot trap electrons anymore, the conductivity increases compared to pure oxygen
vacancy trapping.

7.3.2 Defect Model for STO based on Electrochemistry

The standard approach to the defect chemical model is based on total conductivity
measurements as a function of T and p(O2). The separation into σeon and σion is
done primarily based on the p(O2) dependency of σtotal. To evaluate defect concen-
trations, further input from complementary techniques is required, often related to
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defect mobilities and doping concentrations. Conversely with our approach, much
more information is drawn from impedance spectra alone. First, a split into σeon and
σion is already possible for each spectrum (based on the low frequency measurements
including the third arc and the transmission line model). Second, further informa-
tion and a deeper insight into defect concentrations including doping concentrations
is gained by Cchem measurements.

Fig. 55 a displays σeon and σion for different p(O2) values and shows, in great agree-
ment with theoretical models (cf. section 2), a partial pressure independent σion
and a 0.25 ± 0.01 slope for σeon. Activation energies (based on 3 temperature val-
ues) are approximately 0.48 ± 0.02 eV for σeon and 0.53 ± 0.05 eV for σion. The
activation energy of σion is also the first parameter which will be directly applied
in the defect model derived below, as it is equal to the oxygen vacancy migra-
tion enthalpy. While the derived activation energy of σion is slightly lower than
the most commonly reported values for the oxygen migration enthalpy (∼ 0.6 eV)
[56], the resulting mobility is still in very good agreement with literature, not only
with regard to activation energy, but also in terms of absolute values [182]. These
vary considerably in existing literature concerned with the STO defect chemistry,
however, for example at 600 ◦C, the present model yields a vacancy mobility of
6.98·10−5 cm2V−1s−1, which is still in good agreement with the value of 2.5 ·10−5

cm2V−1s−1, derived from the general expression of the vacancy diffusion coefficient
by De Souza et al. [182]. At this point it is worth mentioning, that oxygen vacancy
trapping at lattice defects and impurities has been reported for SrTiO3 [239–241].
However, this mechanism will not be included in this analysis, as the dopant concen-
tration in the present samples is very low and only very small amounts of complex
defects including oxygen vacancies could be detected by PALS measurements (see
below).

In order to correctly fit the experimental data, some assumptions regarding ionic
defects must be made. To this end we consider the presence of one main acceptor-
like dopant with valence zA, which traps one electron hole, and that doubly charged
oxygen vacancies trap one electron (cf. eqs. 33 and 36). Theoretically, it would
be possible to encounter a situation with several equally electrochemically active
defects, however, they would have to be very similar in concentration and trapping
energy to appear as a single defect in the presented electrochemical measurements.
To satisfactorily fit the flattened capacitance (cf. Fig. 53 and Fig. 56), three ad-
ditional lowly concentrated doubly charged acceptor dopants are introduced, whose
identity will be discussed further on. The corresponding concentrations and trap-
ping energies result directly from chemical capacitance measurements. Interestingly,
it seems that these concentrations rise with increasing temperatures. This is taken
as an indication that associates are involved in these defects. These associates may
be similar to impurity metal-oxygen vacancy clusters proposed in literature or to va-
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cancy clusters [213, 242]. The dissociation enthalpies are in the range of 0.4 to 1 eV.
Merkle et al. measured a dissociation enthalpy of 0.56 eV for Al′T iV

··
O complexes

and Schie et al. calculated trapping enthalpies of around 0.5 eV and detrapping
enthalpies between 0.7 and 1 eV [216, 242]. However, these impurities hardly affect
the conductivities in the STO single crystals under study due to the lower concen-
tration of such complex defects compared to the full oxygen vacancy concentration
and to the main acceptor defect concentration (see below).

With regard to the value of Ke, the results of Moos and Härdtl, who already inves-
tigated the defect chemistry of STO extensively, are referred [29]. The values for
NV and NC have been slightly adapted for an even better fit. All other parameters
emerge from the fitting procedure. Due to the complexity of the system and the
crosslinks between the parameters, it was not possible to engage a mathematical
fitting algorithm. Thus, the parameters were manually adapted towards the best fit
of the measurement results. While this method may not be perfectly reproducible
and slight differences are to be expected, it yields detailed and valuable informa-
tion about defect concentrations of undoped STO. The corresponding parameters
resulting from the fit are listed in Tab. 7 and Tab. 8 shows trapping levels and
concentrations for the assumed lowly concentrated defects. The measured conduc-
tivities and the chemical capacitance are in excellent agreement with the calculations
(see Fig. 56, R2 > 0.95 for all data series) and the method yields an acceptor dopant
concentration of 24/zA ppm with zA being the valence of the dopant, thus enabling
the quantification of defects in undoped STO based on a relatively simple experi-
mental method, a task otherwise requiring much more sophisticated measurements.
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Table 7: Parameters of the STO defect model, adapted to optimally represent the
measurement results.

Parameter Unit Value

K0
Ox Pa−1/2cm−3 5.0·1021

HOx eV 1.5

K0
e cm−6 8.0·1032 · (T/K)3

Eg eV 3.17 - 0.00057 (T/K)

Ke,0
trap cm−3 1.0·1016

He
trap eV 0.58

Kh,0
trap cm−3 8.0·1016

Hh
trap eV 0.72

µ0
h cm2V−1s−1 3500

mh 1.5

µ0
e cm2V−1s−1 1500

me 1.2

µ0
V ··
O

cm2V−1s−1 0.08

∆HV ··
O

eV 0.53

[V z′
A ] cm−3 4.0/z · 1017

Table 8: Detailed values for concentrations and trapping enthalpies of the assumed
lowly concentrated defects.

i [i] @ 700 ◦C [i] @ 600 ◦C ∆H

1 1.5·1016 cm−3 8.0·1015 cm−3 1.2 eV

2 1.5·1016 cm−3 4.0·1015 cm−3 1.4 eV

3 5.0·1015 cm−3 1.5·1015 cm−3 1.5 eV

As the system might still be underdetermined and as several quantities cannot be
separately assessed in the current measurements, the presented solution is not nec-
essarily the only possible combination of values and is thus afflicted by some uncer-
tainty. Notwithstanding these uncertainties, all parameters obtained are consistent
with other measurements or estimates in literature [29, 30, 53]. This shows that mak-
ing use of the information concealed in the chemical capacitance allows to describe
the defect chemistry of STO and similar materials to a level of detail unprecedented
for purely electrochemical measurements and even to quantify the concentration of
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otherwise hardly accessible defects. In this case, it was possible to reliably deter-
mine concentrations of the main acceptor type dopant in STO at 24/z ppm and to
uncover the presence of lowly concentrated electronically active defects (which do
not noticeably affect the conductivity). Most importantly, the calculated acceptor
dopant concentration and the presence of additional impurities suggested by the
model have been directly confirmed by dedicated experimental analyses, as we de-
tail later in the text

While all parameters derived in this work are in good agreement with literature,
further improvement of the resulting defect chemical model can be anticipated in
the presence of more detailed measurements, e.g. on the mobilities of electronic
charge carriers and the densities of state of the valence and the conduction band
over a wide temperature range.

At this point, it is important to note that single crystals from different manufacturers
may differ greatly with regard to their defects [178], thus altering defect equilibria
accordingly. Moreover, different annealing procedures may induce a quite different
situation with regard to cation vacancies [243], which become mobile at temperatures
above 1000 ◦C [29]. Hence, several parameters found in this study, particularly
the acceptor dopant and impurity concentrations (retrospectively affecting all other
charge carrier concentrations) cannot be arbitrarily transferred to other nominally
undoped STO single crystals, as these might differ in their defect chemistry due
to differences in crystal growth and thermal history. However, much more than
the specific parameter set derived in this study, it is important to emphasize the
possibilities provided by the examination of the chemical capacitance, which is a
powerful means to assess defect concentrations and trap levels for many similar
materials.

7.3.3 Direct Experimental Quantification of Defects in STO Single Crys-
tals

Additional experiments were performed, namely positron annihilation lifetime spec-
troscopy to identify the major trapping species and trace elemental analysis to iden-
tify traces of metal impurities, with the purpose of experimentally corroborating and
complementing the results obtained by the electrochemical analysis described above.

Variable Energy Positron Annihilation Lifetime Spectroscopy (VE-PALS)

When implanted into solids, positrons thermalize within about 10 ps and sub-
sequently annihilate from a state i, with a lifetime τi and probability Ii. The
main positron traps are typically delocalized states in a perfect lattice, or local-
ized vacancy-like defects, because positrons show a strong affinity to the potential
wells resulting from missing atomic cores [244]. In general, the positron lifetime
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is directly proportional to the size of a defect where annihilation takes place, i.e.,
the larger the open volume, the lower is the annihilation probability and the longer
it takes for positrons to recombine with electrons [244, 245]. Here, the positron
lifetime and its intensity were probed as a function of positron implantation energy
Ep (with varying mean positron implantation depth 〈z〉). Ep can be related to 〈z〉
using the empirical formula: 〈z〉 = 36/ρ ·E1.62

p , where ρ is the material density [246].

The PALS analysis (see Fig. 58a) reveals Ti vacancies (V′′′′T i) as the major defect
type in the examined STO single crystals, since the corresponding second lifetime
component τ2=191±1 ps (at Ep=4.7 keV) is very close to the previously (experi-
mentally and theoretically) obtained value of 189 ps and clearly distinguishable from
the corresponding lifetime component for Sr vacancies, which is 280 ps [247]. All τ2
values for Ep > 2.5 keV show dominant annihilation with V ′′′′T i . At first sight, this
result might seem surprising as the partial Schottky reaction including Sr vacancies
is generally considered to be energetically more favourable than the partial Schottky
reaction including Ti and the full Schottky reaction. Hence, Sr vacancies are often
assumed to be the predominant cationic defect in STO, in accordance with tracer
diffusion studies or SrO formation at high temperatures in oxidizing conditions [248].
On the other hand, existence of Ti vacancies agrees with other similar studies per-
formed on single crystals of different suppliers [178, 249]. It is detailed in S.5 of
the supporting information that there is only an apparent contradiction between
the results of all these different experiments, since PALS and chemical capacitance
measurements probe the STO single crystals as received (i.e. with cation defect con-
centrations frozen-in during crystal growth by Verneuil in a hydrogen flame) while
studies indicating Sr vacancies probe the crystals after or during re-equilibration in
oxidizing conditions at high temperatures. It is also noteworthy that Karjalainen et
al. recently found that TiSr antisite defects yield a similar response in PALS mea-
surements [250]. However, the presence of such donor dopants as main ionic defects
is inconsistent with the performed electrochemical experiments. A much shorter first
lifetime component τ1 is also observed. τ1 represents the so-called reduced lifetime
and is primarily related to mixed annihilation at interstitial sites (bulk annihilation
with bulk positron lifetime τb). As far as the third detected component is concerned,
the comparison of its lifetime (τ3 ∼400 ps) with the predicted literature values al-
lows to exclude a detectable presence of isolated strontium vacancies or of related Sr
vacancy-nearest neighbour oxygen vacancy complexes [247, 251]. A similar lifetime
component was measured for STO by Keeble et al. [251] and assigned to large open
volume defects (multiple-vacancy clusters). In the bulk (〈z〉 ≥ 70 nm), I2 ≥ 80%
of positrons annihilate with Ti vacancies. Interestingly, the average lifetime com-
ponent, τav =

∑
i Ii · τi = 195 ± 5 ps is also very close to the literature value for

V ′′′′T i , hence yielding additional evidence for the majority positron annihilation at
titanium vacancies.
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It is also possible to estimate the Ti vacancy concentration [V ′′′′T i ] based on these
results. For this purpose, the following formula can be utilized [244, 252]:

[V ′′′′T i ] =
I2
vν

(
1

τ1
− 1

τ2

)
(42)

where vν is the defect specific trapping coefficient, τ1 the reduced lifetime (τ1 ≤ τb ≈
152 ps [247]), and τ2 is the defect lifetime, in this case for V ′′′′T i . Although a compre-
hensive assessment of the defect specific trapping coefficient vν is not available in
literature, in the case of STO, a value of vν = 2 · 1015 s−1 was successfully adopted
in previous reports [251, 252]. This is consistent with cation vacancies in semi-
conductors, which typically exhibit vν in the range of 0.1–29·1015 s−1 [244]. For
vν = 2 · 1015 s−1 the calculation yields a Ti vacancy concentration in the range of
[V ′′′′T i ] = 6−8 ppm. Importantly this is in excellent agreement with the value of 24/z
ppm, extracted independently from the defect model based on chemical capacitance
measurements.

It should be noted that Eq. 42 – the so called one-defect standard trapping model
(1D-STM) – can be formally utilized as long as the majority of annihilation events
takes place in a single specific trap [244]. Since, in this case, a small but possibly
relevant contribution (I3 < 6%) of surface states and vacancy clusters exists, the
consistency of the results reported in previous sections was evaluated by calculating
the free positron component τf [253]:

τf =

(
I1
τ1

+
I2
τ2

)−1
(43)

If the sample is dominated by a single type of homogeneously distributed positron
traps (i.e. titanium vacancies), the quantity τf is expected to equal the bulk positron
lifetime τb. If this is not the case, the utilization of 1D-STM would be questionable
and the calculation of defect concentrations would be impossible. The resulting
value τf ≈ 152 ps, however, is in perfect agreement with τb (cf. yellow circles in
Fig. 58), validating the correctness of the spectrum deconvolution and the quanti-
tative analysis.
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Figure 58: Positron lifetime components τi (a) and their relative intensities, Ii (b),
as a function of positron implantation energy, Ep, and mean positron implantation
depth, 〈z〉. Calculated positron lifetimes of characteristic defect types are given, i.e.
Sr (V ′′Sr) and Ti (V ′′′′T i ) vacancies as well as bulk annihilation at interstitial position.
For larger Ep, τf coincides with the literature bulk lifetime [247].

Chemical Analysis of SrTiO3 Single Crystals

Apart from internal vacancy defects, impurity atoms can be introduced into the
crystal lattice during crystal growth [254, 255]. Typical impurities found in SrTiO3

are Al, Ca, Fe, Ba, Cr or Mg [209, 210].

To identify and quantify such impurity defects, an STO single crystal was investi-
gated using different ICP-based trace analysis techniques. In a first step, a quali-
tative direct solid analysis was performed via LA-ICP-MS (Laser Ablation - Induc-
tively Coupled Plasma - Mass Spectrometry), revealing traces of calcium, barium
and aluminium. Barium does not induce a valence change in the lattice and thus
hardly affects the electrical properties of strontium titanate. Calcium, although
small enough to substitute Ti, is known to primarily substitute on the A-site and
thus has also very little impact on the electrical properties [169, 256, 257]. Al how-
ever is known to act as an acceptor dopant in strontium titanate [258, 259]. To
further quantify the concentrations of these impurity defects, wet-chemical analysis
was performed on a dissolved STO single crystal using ICP-MS and -OES (Optical
Emission Spectroscopy). The results of this analysis are shown in Tab. 9. While
calcium and barium are confirmed as impurities, aluminium was not detected by the
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analysis, meaning that the Al concentration is below the limit of detection (LOD)
of the measurement (0.2 µg/g Al). Although 0.2 ppm appears to be a very low
concentration for an impurity defect, amounts in this range can become noticeable
in the chemical capacitance of the material (cf. Fig. 53) even if the respective
defect is not the majority defect. This suggests that these Al impurity defects are
(at least partially) responsible for the flattened chemical capacitance in the medium
p(O2) range. For experimental details on the trace elemental analysis, please refer
to section S.4 of the supporting information.

Table 9: Concentrations of impurity defects in strontium titanate single crystals
determined using ICP-MS/OES. In case of Al and Ca, the maximum impurity con-
centrations are defined by the limit of detection (LOD) and limit of quantification
(LOQ) of the analysis, respectively.

Element LOD (µg/g) LOQ (µg/g) Concentration (ppm, x̄± s)
Ba 0.012 0.039 1.8 ± 0.2

Ca 14 47 < 47

Al 0.20 0.66 < 0.2

7.3.4 Resulting Defect Chemistry Model for STO Single Crystals

As a result of all previous considerations, it is possible to obtain a comprehen-
sive description of the defect chemistry of the undoped STO single crystals used in
these experiments, calculated purely from electrochemical data and supported by
additional defect identification techniques. In the present case, the major accep-
tor dopant in the STO single crystal are 6 ppm of titanium vacancies which trap
electron holes at a trapping level of 0.72 eV. Furthermore at least three lowly con-
centrated (<1 ppm) electronically active defects are acting as mid-bandgap trap
states. These are likely related to metal impurities like Al or Ca, which were found
in trace elemental analysis, as well as large defect complexes as indicated by PALS.
Potentially, also Sr vacancies take part in these defects (in a concentration as low
as 1015-1016 cm−3, i.e. at least one order of magnitude lower than the concen-
tration of Ti vacancies), as the trapping energy of a Sr vacancy was determined
to be 1.4 eV by Moos and Härdtl, which is very close to the trapping energies of
the lowly concentrated defects observed in this study [29]. Exact identification of
these defects, however, requires more advanced methods and is not aim of this study.

The agreement of the acceptor concentration extracted from electrochemical mea-
surements with PALS analysis greatly emphasizes the capability of the chemical
capacitance to act as an access point to defect concentrations and highlights the
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powerful information concealed in the chemical capacitance. Finally, defect concen-
trations calculated from this model data set are shown in Fig. 59 for 700 and 600 ◦C.
For sake of clarity, only one of the three assumed sub-ppm defects (indicated as A
in Fig. 59) is shown in the Brouwer diagram.

Figure 59: Brouwer diagrams of undoped STO at 700 and 600 ◦C.

7.4 Conclusions

The defect chemistry and electronic trap states of SrTiO3 were examined by EIS at
low and intermediate temperatures. The impedance spectra were interpreted with
a transmission line equivalent circuit whereby electronic and ionic conductivities as
well as the chemical capacitance of STO single crystals were determined over a wide
p(O2) range at intermediate temperatures (500 - 700 ◦C). The chemical capacitance
is established as a powerful tool to assess defect concentrations and trapping en-
ergies based on electrochemical measurements and directly indicates the presence
of defects in the material and also approximates their concentrations. EIS at low
temperatures (25 - 160 ◦C) was used to evaluate the thermal activation of the elec-
tronic conductivity of STO to assess trapping energies and electronic charge carrier
mobilities. These experiments allow the establishment of a parameter set for the
STO defect chemistry based purely on electrochemical measurements which correctly
predicts the materials conductivity and its chemical capacitance and whose param-
eters are in good agreement with established literature values. As main feature, it is
demonstrated that it is possible to quantify the concentration of ionic defects, which
are often hardly accessible by analytic techniques, based on simple electrochemical
measurements. PALS was used to identify the predominant acceptor defect in the
single crystals as titanium vacancies and confirmed a concentration of 6 ppm, which
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was independently also extracted from the defect model, without a priori knowl-
edge about the specific acceptor type. Measurements of the chemical capacitance
furthermore indicate the presence of defects with sub-ppm concentrations. PALS as
well as trace elemental analysis find evidence for electronically active species in sim-
ilar concentrations, most likely in the form of Al impurities, Sr vacancies and more
complex defects. The presented electrochemical analysis thus provides a powerful
access point to otherwise hardly accessible informations like the concentration of
intrinsic defects in STO and similar materials and can be used to gain information
about their defect chemistry on a new level of detail.
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8 Summary

The oxygen exchange reaction and the defect chemistry of SOFC cathode materials
and SrTiO3 was investigated with different approaches. With i-PLD, an experimen-
tal technique was developed and optimized, which allows to trace electrochemical
properties of thin film electrodes to their pristine state directly after deposition.

La0.6Sr0.4CoO3−δ thin films were deposited on yttria stabilized zirconia single crystals
at different temperatures and the effect of the corresponding variation of grain size on
the surface oxygen exchange kinetics was investigated with i-PLD. The experiments
revealed that independent of the deposition temperature, all La0.6Sr0.4CoO3−δ thin
films exhibit very similar resistances and effective activation energies of the oxygen
exchange reaction. In general, very small polarization resistances were encountered,
around 10 times lower than previously reported in literature or compared to ex-
situ measurements. The degradation step from in-situ to ex-situ measurements was
for the first time described in detail. Furthermore, a strong oxygen partial pres-
sure dependency of the activation energy was observed, with higher oxygen partial
pressures correlating to higher activation energies. A connection between the degra-
dation state of La0.6Sr0.4CoO3−δ thin films and an increase in the activation energy
was found during degradation in ex-situ measurement setups.

To unravel the interaction of the oxygen exchange kinetics and the materials defect
chemistry, i-PLD studies were extended to a variety of other promising SOFC cath-
ode materials. It was found that the oxygen exchange reaction rate exhibits very
similar dependencies on oxygen partial pressure and temperature. In combination
with defect chemical model calculations, a mechanism was proposed which explains
the p(O2) and T dependency of the oxygen exchange reaction rate found in exper-
iments. A new experimental method is introduced with appropriate bias voltages
being applied to fix defect concentration in a material to a predefined level and
to enable the evaluation of concentration amended activation energies. The results
of these measurements emphasize that the effective activation energy encountered
during equilibrium measurements is actually a convolute of many different factors,
among which the concentration related activation energy accounts for a large part
of the effectively measured activation energy.

An extended analysis of degradation phenomena of La0.6Sr0.4CoO3−δ thin films was
performed, with particular regard to the particle formation during annealing at high
oxygen partial pressures at high temperature. La0.6Sr0.4CoO3−δ was deposited on
different substrates to investigate the influence of lattice strain and thin film struc-
ture on the segregation dynamics of La0.6Sr0.4CoO3−δ. AFM studies revealed that
different particle types form, depending on whether the thin film is epitaxial or poly-
crystalline. XPS and SIMS were used for a detailed investigation of the chemistry of
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degraded La0.6Sr0.4CoO3−δ thin films. These measurements showed that the surface
of degraded films is not only strontium enriched but contains substantial amounts of
sulphur. With SEM/EDX measurements it was shown that the particles forming on
degraded La0.6Sr0.4CoO3−δ thin film surfaces contain Sr and S and are most likely
SrSO4. The oxygen exchange kinetics of degraded thin films was examined with 18O
tracer exchange and was very similar for all thin films, independent of particle type
or film structure. This shows that particle formation processes are decoupled from
electrochemical degradation. It is suggested that the electrochemical degradation
of La0.6Sr0.4CoO3−δ is primarily connected to adsorption of S and the formation of
SO2−

4 ions on the surface and not to Sr segregation itself.

For the examination of a further aspect of the surface exchange reaction, the i-
PLD setup was adapted to allow for the investigation of the effect of ultraviolet
illumination by the plasma plume during pulsed laser deposition on the oxygen
exchange on the surface of single crystalline SrTiO3. A significant change of the
resistive properties of SrTiO3 under illumination was observed during across-plane
and in-plane impedance measurements. The measurements suggest the formation of
a layered system where the near-surface region is subject to significant stoichiometry
changes, confirming that UV illumination accelerates the oxygen incorporation at
the SrTiO3 surface. During actual deposition, the interactions between the SrTiO3

substrate and the deposited SrTiO3 thin film become increasingly complex and lead
to complicated inequilibria in the sample, followed by equally complicated relaxation
processes. This shows that the effect of UV illumination must not be neglected when
aiming for the deposition of thin films with a controlled oxygen nonstoichiometry.

Adjacent to the i-PLD examination of SrTiO3, extensive defect chemical investiga-
tions were performed to understand the impedance response of SrTiO3 single crystals
and to explore its defect concentrations and trap states. Impedance spectroscopic
measurements were performed at intermediate (500-700 ◦C) and low (25-180 ◦C)
temperatures and interpreted with an adapted transmission line equivalent circuit.
Thereby, ionic and electronic conductivity, as well as the chemical capacitance could
be evaluated for each impedance spectrum. The chemical capacitance was estab-
lished as a powerful access point to the defect chemistry of SrTiO3 and shown to
be sensitive for electronically relevant defects in sub-ppm concentrations. Based on
these electrochemical measurements, a defect chemical model of undoped strontium
titanate was developed, predicting an acceptor dopant concentration of 24/z ppm,
with z being the relative charge of the acceptor. Chemical Analysis and PALS were
used to identify impurities and intrinsic defects in SrTiO3, yielding an acceptor con-
centration of 6-8 ppm Ti vacancies, being in excellent agreement with theoretical
predictions from chemical capacitance analysis.
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9 Appendix

Experimental Setups for i-PLD Measurements

From an experimental point of view, a large part of this thesis was focussed on
in-situ measurements, i.e. investigations of a phenomenon without transferring a
specimen to an isolated environment but directly analyzing the process as it occurs
or emerges. In the case of i-PLD, the term in-situ primarily describes that materials
are investigated directly during growth, from the first moment after deposition, in-
side of the PLD chamber, without being transferred to any other measurement setup.

In more detail, SOFC cathode materials are examined in the most pristine state
possible and several electrochemical measurements are performed in this state. The
PLD setup allows for variation of temperature and oxygen partial pressure, more-
over the i-PLD measurement geometry enables the application of bias voltage, thus
displacing a material from thermodynamic equilibrium. Thereby, a multitude of
studies usually performed in ex-situ setups, where degradation sources and impuri-
ties are omnipresent, can be performed in a substantially cleaner environment.

In the course of this thesis, the experimental setup for electrochemical impedance
spectroscopic measurements inside the PLD chamber has been continuously im-
proved and advanced to facilitate novel electrochemical measurements on truly pris-
tine materials. While the first studies during this thesis have been performed on
a similar setup as used by Rupp et al. [10, 11], customized heating stages were
developed for the subsequent studies. Renderings of the three development stages
of the setup as well as a standard sample structure are shown in Fig. 60. All setups
share the basic concept that a sample is contacted with a metal needle (Pt or Pt/Ir)
allowing the PLD plasma plume to deposit material on the whole sample surface
except the contact point. The second contact is a Pt sheet contact ensuring several
contact points with the counter electrode of the sample.

While i-PLD measurements have several advantages over conventional ex-situ mea-
surements, they also pose several experimental challenges, first and foremost the
temperature control of the sample. Sample temperatures in vacuum chambers are
often measured via a pyrometer, but this is challenging during i-PLD depositions, as
not only the Pt grid on the sample surface changes the surface emissivity but also the
growing thin film affects the absorption characteristics of the sample. Furthermore,
the contact needle applies a certain amount of pressure on the sample, thus pressing
it onto the heated surface and altering the thermal contact. The combination of
these problems makes a reproducible heating by setting a constant heating output
nearly impossible. Fortunately, in-situ impedance measurements also allow the de-
termination of the electrolyte resistance, which is strongly temperature dependent.
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In combination with known ionic conductivities of the electrolyte material, this facil-
itates a very exact measurement of the sample temperature and compensates for the
experimental difficulties of temperature control. Other potential problems emerge
from needle contacting during in-plane measurements, as the needle placement inside
the PLD chamber is cumbersome, and from interactions between the plasma plume
and the electrical wiring, which prohibit measurements directly during deposition.
In the following the development of the experimental setup is shortly described.

Stage 1:

The setup was conceptualized as an addition to an existing PLD heating stage, us-
ing resistive heating by a Pt wire to heat a Al2O3 disk, serving as the base for the
i-PLD setup. A Pt sheet served as a bottom contact, which was connected to an
impedance analyzer outside of the PLD chamber. A system of Al2O3 masks and
bolts were used to hold the sample in place on top of the Pt sheet and to avoid
deposition onto the sample edges. A Pt-needle placed on the top side of the sample
was used as second contact, directly connected to the Pt-grid on the sample and to
the impedance analyzer.

Stage 2:

A customized heating stage for the PLD chamber was constructed consisting of a
steel scaffold and an Al2O3 block with embedded Pt wire for resistive heating. The
top of this block was painted with Pt paste, ensuring electrical contact to the sam-
ple, which was placed directly upon the block. Additionally, Pt wires were lead
through the main columns until above the sample. There, the Pt wires were pressed
against Pt/Ir needles which were used as contact needles for electrochemical in-situ
measurements. Thereby, the experimental possibilities were extended to in-plane
and Van-der-Pauw measurements.

Stage 3:

In the third stage of development, the resistive heating concept was changed to
radiative heating with a halogen lamp. The lamp was embedded into a copper coil
connected to a water cooling apparatus. The second main feature of this heating
stage was the exchangeable top unit, which allowed for the utilization of different
sample mountings for different purposes. Additionally, a movable arm was installed
via a vacuum lead-in, enabling controlled placement of the top contact needle within
the evacuated chamber from the outside.
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Figure 60: Evolution of experimental setups for in situ impedance spectroscopic
measurements inside of the PLD chamber.
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larde, G., Thoréton, V., Kilner, J., Ishihara, T., et al. Correlating Surface
Crystal Orientation and Gas Kinetics in Perovskite Oxide Electrodes. Ad-
vanced Materials 33, 2100977 (2021).

153. Staykov, A., Tellez, H., Druce, J., Wu, J., Ishihara, T. & Kilner, J. Elec-
tronic properties and surface reactivity of SrO-terminated SrTiO3 and SrO-
terminated iron-doped SrTiO3. Science and Technology of advanced MaTeri-
alS 19, 221–230 (2018).

141



154. Degen, T., Sadki, M., Bron, E., König, U. & Nénert, G. The highscore suite.
Powder Diffraction 29, S13–S18 (2014).

155. Tanuma, S, Powell, C. J. & Penn, D. R. Calculation of electron inelastic mean
free paths (IMFPs) VII. Reliability of the TPP-2M IMFP predictive equation.
Surface and interface analysis 35, 268–275 (2003).

156. Scofield, J. H. Theoretical photoionization cross sections from 1 to 1500 keV.
tech. rep. (California Univ., Livermore. Lawrence Livermore Lab., 1973).

157. Araki, W., Miyashita, M. & Arai, Y. Strontium surface segregation in
La0.6Sr0.4Co0.2Fe0.8O3−δ subjected to mechanical stress. Solid State Ionics
290, 18–23 (2016).

158. Berenov, A., Atkinson, A, Kilner, J., Bucher, E & Sitte, W. Oxygen tracer
diffusion and surface exchange kinetics in La0.6Sr0.4CoO3−δ. Solid State Ionics
181, 819–826 (2010).

159. Kilo, M., Argirusis, C., Borchardt, G. & Jackson, R. A. Oxygen diffusion
in yttria stabilised zirconia—experimental results and molecular dynamics
calculations. Physical Chemistry Chemical Physics 5, 2219–2224 (2003).

160. Ishigaki, T., Yamauchi, S., Kishio, K., Mizusaki, J. & Fueki, K. Diffusion of
oxide ion vacancies in perovskite-type oxides. Journal of Solid State Chemistry
73, 179–187 (1988).

161. Kubicek, M., Huber, T. M., Welzl, A., Penn, A., Rupp, G. M., Bernardi,
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186. Müller, A & Härdtl, K. Ambipolar diffusion phenomena in BaTiO3 and SrTiO3.
Applied Physics A 49, 75–82 (1989).

187. Paladino, A., Rubin, L. & Waugh, J. Oxygen ion diffusion in single crystal
SrTiO3. Journal of Physics and Chemistry of Solids 26, 391–397 (1965).

188. Atkins, P. W., De Paula, J. & Keeler, J. Atkins’ physical chemistry (Oxford
university press, 2018).

189. Scullin, M. L., Ravichandran, J., Yu, C., Huijben, M., Seidel, J., Majumdar, A.
& Ramesh, R. Pulsed laser deposition-induced reduction of SrTiO3 crystals.
Acta materialia 58, 457–463 (2010).

190. Schneider, C., Esposito, M, Marozau, I, Conder, K, Doebeli, M, Hu, Y., Malle-
pell, M, Wokaun, A. & Lippert, T. The origin of oxygen in oxide thin films:
Role of the substrate. Applied Physics Letters 97, 192107 (2010).

191. Posadas, A. B., Kormondy, K. J., Guo, W., Ponath, P., Geler-Kremer, J.,
Hadamek, T. & Demkov, A. A. Scavenging of oxygen from SrTiO3 during
oxide thin film deposition and the formation of interfacial 2DEGs. Journal of
Applied Physics 121, 105302 (2017).

192. Lee, H. N., Seo, S. S. A., Choi, W. S. & Rouleau, C. M. Growth control of
oxygen stoichiometry in homoepitaxial SrTiO3 films by pulsed laser epitaxy
in high vacuum. Scientific reports 6, 19941 (2016).

144



193. Perez-Casero, R., Perriere, J., Gutierrez-Llorente, A., Defourneau, D., Millon,
E., Seiler, W. & Soriano, L. Thin films of oxygen-deficient perovskite phases
by pulsed-laser ablation of strontium titanate. Physical Review B 75, 165317
(2007).
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